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ABSTRACT 
 
 The complex structural dynamics of materials systems involved in the production and 
storage of energy are examined in order to provide insight into the understanding and design of 
more effective systems. Within this dissertation, two categories of electrochemical systems are 
explored in the context of how their structural attributes relate to their function: high-capacity 
lithium-ion battery anode materials, specifically silicon and tin, and the surface stress changes of 
platinum, palladium, and rhodium catalysts for the oxygen reduction reaction of fuel cells. In the 
first section, silicon microstructuring is utilized in order to design structures that can withstand 
the large volumetric strains associated with forming lithium rich alloys during the normal 
operation of lithium-ion batteries containing silicon active anodes. A unique microstructure 
design is used to direct lithium transport through the silicon in order to mitigate performance-
limiting material failure during normal battery operation. Like silicon, tin suffers from a similar 
strain-related failure when operating as an alloying electrode in lithium-ion batteries.  A tabletop 
surface stress measurement is performed to monitor the evolution of stress, in situ, as tin thin 
films are electrochemically lithiated. Tin films with varying oxide content are evaluated and an 
evidence of an unexpected reversibility of tin oxide conversion products is discussed. In the 
subsequent sections, platinum, palladium, and rhodium catalysts are examined in-situ during the 
oxygen reduction reaction. In particular, platinum surface atom bond distance changes are 
examined via X-ray Absorption Spectroscopy (XAS), in particular Extended X-ray Absorption 
Fine Structure (EXAFS), and also with same tabletop surface stress measurement mentioned 
previously. The tabletop method shows loose quantitative agreement with the EXAFS 
measurement, suggesting that the method is capable of sensitivities necessary for observing 
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structural dynamics relevant to surface-localized catalytic activity. Further work involving other 
catalysts, including palladium and rhodium, is therefore enabled and preliminary data is included 
and described in the appendix. Additionally, a critical review of the structural dynamics of 
supported nanoparticles is also included as an appendix. 
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Don’t ask scary questions if you don’t want scary answers. 
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CHAPTER 
1 
 
 
INTRODUCTION AND RESEARCH SUMMARY 
 
 
 
1.1. Overview and Organization 
The work presented here is focused primarily on the relation between materials structure 
and dynamics of two categorically different fields of electrochemical devices: lithium-ion 
batteries and fuel cells. Within the field of lithium-ion batteries, the area of interest discussed 
here will center on so-called ‘alloying’ anode materials, in particular silicon and tin. Chapter 2 
covers the design and performance-oriented characterization of a microstructured silicon anode 
design aimed at mitigating the strain-based materials failure that typically plagues this class of 
anodes during lithium-ion battery operation. Chapter 3 features a more analytically driven study 
of supported tin films with varying oxide content and film density, wherein electrochemically 
induced stress is monitored in situ in order to better understand how stress correlates to the 
reversibility of lithium alloying/conversion reactions. Chapter 4 is a report on the surface bond 
dynamics of platinum metal catalysts during the oxygen reduction reaction of fuel cells as 
examined in situ via Extended X-ray Absorption Fine Structure (EXAFS) and the same tabletop 
stress apparatus described in Chapter 3. In Chapter 4, preliminary results and future directions of 
this stress measurement as well as EXAFS data from similar in-situ oxygen reduction reaction 
experiments involving platinum, palladium, and rhodium catalysts are discussed. Additionally, a 
critical review of the structural dynamics of supported nanoparticles is included as an appendix. 
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1.2. Motivation 
Everyone with a smart phone has experienced the frustrations of a dead battery: the loss 
of productivity, the interrupt in connectivity, and the realization that they have no way to tell the 
time. The heavy reliance on smart phones and other portable devices represents an easily 
recognizable need for energy storage devices with high capacities and long lifetimes. Less visible 
to the majority of the public is the broad infrastructural dependence on efficient energy storage, 
production, and delivery systems. The economic and political movement toward “Green” sources 
of energy faces numerous technical challenges ranging from the implementation of existing 
technologies on a large scale, without compromising efficiency at the sake of affordability, to the 
development of new technologies through fundamental research and discovery.  
 Energy storage is especially vital to grid-level electrical systems. Power consumption 
rarely matches production, thus storing the excess electrical energy efficiently so that losses are 
minimal when redistributing the energy when it is needed. System-level migration to green 
energy sources such as wind and solar exacerbate this issue, as their power generation is limited 
to fluctuations in their operating environment. The adoption of “Smart-grid” infrastructure, 
which uses real-time data to monitor and provide efficient, on-demand power, requires energy 
storage systems that are highly efficient. For instance, one of the most efficient systems for 
energy storage at the grid level is quite simple: use excess electrical energy during low-use times 
to pump water uphill and, when needed, recover the energy via hydroelectric generators. 
Although reasonably efficient, the principle limitation of this example is the requirement of 
nearby water and physical space. Therefore, technologies for energy storage including long 
lasting, high capacity battery systems with stable, predictable discharge voltages are not limited 
in application to consumer-level portable electronics. Energy storage devices in various form 
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factors as can be accommodated by batteries and fuel cells require more development and 
optimization for this and many other applications. 
 
1.3. Lithium-ion Rechargeable Batteries 
1.3.1. Background and Current State-of-the-Art 
As perhaps the most recognizable battery type in consumer markets today, lithium-ion 
batteries serve as a powerhouse in modern battery technologies. Lithium-ion rechargeable, or 
secondary, cells have storage capacities that are competitive with every other battery technology 
on the market, have low self-discharge (i.e. good shelf-life), and do not suffer from the so-called 
‘memory effect’ that plagued nickel cadmium and nickel metal hydride rechargeables.1,2 These 
features, combined with their low weight and cost relative to some other comparable battery 
types, have allowed for lithium-ion batteries to penetrate a variety of markets outside consumer 
electronics.   
 Although ‘lithium-ion’ tends to be thought of as a singular technology, the term 
encompasses a wide range of battery chemistries. The defining characteristic of lithium-ion 
batteries is that the storage and transfer of electrical charge is related to the movement of lithium 
species between electrodes.1 The mechanisms related to the separation and storage of lithium in 
either charged or discharged states can vary greatly when different electrode materials and 
electrolytes are used. The industry standard for lithium-ion batteries when they began to 
dominate the markets included a lithium cobalt oxide cathode, a graphitic carbon anode, an 
ethylene carbonate-based electrolyte, and a lithium salt such as lithium hexafluorophosphate.3 
Currently, a variety of chemistries exist, including lithium manganese cathodes and related 
composite cathodes including cobalt and/or nickel, lithium iron phosphate-based cathodes, solid 
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electrolytes, ionic liquid electrolytes4, polymer electrolytes3-6, and, relevant to this dissertation, 
alloying based anode materials7-9.  
 Lithium-ion batteries have been referred to as ‘rocking-chair’ batteries, as their operation 
depends on the ‘rocking’ back and forth of lithium ions between the anode and cathode. Figure 
1.1 is a schematic illustration of the charging and discharging of this class of batteries. 
 It is fairly common in academic literature to refer to these different battery materials in a 
jumble, as if these materials are interchangeable in their chemistries and their applications and 
are only different in their relative volumetric and gravimetric capacities. In reality, the specific 
properties of these materials, including their capacities, rate capabilities, safety, nominal voltage 
output, longevity, etc. do more than serve as pros and cons, but characterize the resulting battery 
in terms of its particular application possibilities. For instance, some lithium-ion battery 
chemistries may be extremely reliable and be more intrinsically safe than others but have 
significantly lower storage capacities. In the market of consumer electronics, the low capacities 
may exclude them from wide scale development in certain applications. Their intrinsic safety 
performance might make them ideal for applications in medical technologies or even electric 
vehicles, depending on the particular economics involved. It is therefore important to research 
these technologies in the context of improving the understanding of the individual component 
chemistries of these materials while being open to the wide range of potential applications of 
these technologies.  
 
1.3.2. Silicon 
The principle avenue to increasing of the functional capacities of lithium-ion batteries is 
the development and utilization of active electrode materials that can withstand a higher lithium 
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content than current cathode and anode materials, while maintaining competitive operational 
voltages, relative charge/discharge rates, thermal and overall stability, and safety characteristics. 
Silicon is one of the more promising candidates for higher capacity anode materials10, offering 
dramatic improvement over coke carbon based anodes that have served as the workhorse of 
anode materials since the early 1990’s. While carbon is intrinsically limited to the stoichiometric 
maximum capacity of one lithium atom per six carbon via intercalation (yielding a theoretical 
maximum gravimetric capacity of 372 mAhg-1), silicon can alloy with lithium to reach capacities 
around ten times as high (the theoretical upward bound being around 3579 mAhg-1). There is a 
negative consequence of these high capacities in that forming these lithium-rich alloys results in 
a large volumetric expansion of the silicon – up to 400%.10,11 This expansion, along with the 
associated chemistries, stresses, interfaces, etc. that arise as a result, can lead to dramatic 
performance degradation and device failure as lithiated active material evolves during cycling.12 
(Figure 1.2) 
 Nevertheless, adoption of silicon into lithium-ion batteries can lead to sizeable 
improvements, especially when combined with even modest improvements in cathode capacities. 
Figure 1.3 shows a quantitative approximation of the total capacity gains achievable based on 
fixed packing weight and two possible cathode capacities (which represents 4-5x improvement 
over current carbon anodes).10 There is a capacity balance that must be met in order to see 
substantial improvements in overall packaged capacity advancements. Also, not shown here are 
the operational voltages of these different active materials, which have the direct effects of 
power output, form factor requirements, as well as other practical constraints. In recent years, 
several silicon-containing lithium-ion batteries have reached the market, however there is still a 
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strong need for advancements in the fundamental understanding of silicon and other alloying 
electrode materials. 
 In a previous work from the Nuzzo group with which I was affiliated, silicon 
microstructures were used to investigate the initial lithiation characteristics of single crystalline 
silicon under controlled conditions.12 In this work, single crystalline silicon wafers were 
patterned photolithographically and etched in order to reveal silicon microscale features with 
particular crystalline faces exposed. The silicon features were then electrochemical lithiated and 
evaluated ex situ in order to determine if there was any crystalline dependence, or anisotropy, to 
the initial behavior of the silicon. In fact, a strong dependence on crystallinity was detected in 
which certain crystalline directions had substantially anisotropic responses as observed by 
directional expansion of the silicon. In particular, the exposed (110) oriented planes were 
lithiated preferentially over the (111) orientation. This is shown in micrographs in Figure 1.4. 
This crystalline dependence was verified by Raman spectroscopy by monitoring the c-Si phonon 
mode, in situ, during lithiation of the electrode. The onset potential of lithiation was observed 
earlier for (110), then (100), followed by the (111) oriented sample. Regardless of the initial 
orientation of a silicon electrode, after the initial ‘formation’ cycles, a predominately amorphous 
material will form as a result of the alloying/dealloying reactions.12 It is still a subject of some 
debate whether the original orientation of silicon will affect its performance, as strain 
propagation through the material may have varied manifestations in such a complex system. To 
that end, Chapter 2 will focus on a particular approach of strain management in silicon electrodes 
based on directed lithium ion transport through a microstructured and multi-material silicon-
based anode material. 
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1.3.3. Tin 
Tin is another strong potential candidate as an anode material for lithium-ion batteries. 
Tin is a high-capacity material (994 mAh/g) that readily alloys electrochemically with Li. As 
with silicon, tin also suffers from large volumetric expansion (~250%) upon complete 
lithiation.13,14 As such, mechanical degradation and subsequent chemical evolution may affect 
the performance of the electrode. Additionally, oxides present in tin electrodes typically yield 
unrecoverable first cycle losses, due to conversion reactions producing Li2O, which is extremely 
stable and irreversibly captures lithium from the closed electrochemical system.14-17 In Chapter 3, 
a study is presented in which lithiation of tin films of various thicknesses and oxide compositions 
is evaluated. In this chapter, a particularly interesting observation is reported involving the 
reversibility of oxide conversion produced as evidenced by x-ray photoelectron spectroscopy and 
a highly sensitive, tabletop stress probe. 
 
1.4. Fuel Cells and the Oxygen Reduction Reaction 
1.4.1. Background and Current State-of-the-Art 
Although the oxygen reduction reaction (ORR) is most often referred to in literature as it 
pertains to mechanism and performance of fuel cells, the reaction is relevant to a number of 
electrochemical processes and devices. The ORR has a rich history as it related to biological 
respiration and corrosion processes as well as energy conversion in fuel cells.18-20 The focus of 
the ORR chapters in this dissertation is on furthering the understanding of ORR catalysts 
relevant to fuel cell operation. Fuel cells are quite similar to batteries in that they are devices that 
electrochemically generate energy through the oxidation of a ‘fuel’ material at an anode and 
reduce another material at a cathode. The key difference between fuel cells and batteries is that a 
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battery is typically a closed system in which material available for the generation of electricity is 
store and consumed within. In a fuel cell, reactants such as hydrogen (anode; oxidant) and 
oxygen (cathode; reductant or fuel) are stored externally are consumed as they are caused to pass 
over the electrodes of the device. Put another way, a battery is either wholly used up (primary 
cell) or must be recharged (secondary cell), while a fuel cell is ‘refueled’ by the addition of more 
reactants from an external source. As with a battery, the electrodes are connected via an external 
circuit and physically separated by some electrolyte that allows for the mass-transfer of charged 
species between electrodes.  
 The ORR is ubiquitous in the context of fuel cells, as oxygen is one of the most common 
fuels due to its availability and also the high thermodynamic driving potential of the four-
electron reduction of oxygen to water. Equations 1.1 and 1.2 show the four- and two-electron 
reduction processes relevant to the ORR.20 Equation 1.2 is undesirable as the production of 
peroxide has both a low potential and can cause corrosion issues.  O2  +  4e-­‐  +  4H+  ⇌  H2O  𝐸!  =  1.23  V    (1.1) O2  +  2e-­‐  +  2H+  ⇌  H2O2  𝐸!  =  0.67  V    (1.2) 
 The principle research focus in the ORR is overcoming the inherently slow kinetics of the 
reaction. While the ORR is strongly driven by its high reduction potential of 1.23 V, the slow 
kinetics of the overall reaction and in particular the breaking of the relatively strong O2 bond 
(498 kJ/mol), greatly limits the efficiency of the reaction in terms of voltage and current output.19  
 Platinum and platinum alloys are the most commonly used electrocatalysts for the ORR. 
Among approaches, Pt alloys with 3d transition metals have been some of the most significant 
alternatives to pure Pt electrocatalysts for the ORR. These alloys can have improved catalytic 
efficiency over Pt catalysts, while decreasing Pt content and also cost.20,21  
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1.5. X-ray Absorption Spectroscopy (XAS) 
XAS relies fundamentally on the absorption of electromagnetic radiation in the energy 
ranges appropriate to excite inner-core electrons to energy levels above the Fermi level.22,23 
Promotion of these core electrons to unoccupied orbitals is dealt with under the umbrella of x-ray 
absorption near edge structure (XANES). Figure 1.5 schematically shows the transitions 
involved in the x-ray absorption events allowed for Pt. In a XANES event, inner core electrons 
are promoted to the highest occupied molecular orbital – lowest unoccupied molecular orbital 
(HOMO-LUMO) band. According to the spectroscopic nomenclature, the M, L, K denotations 
are dependent on the principle quantum number, n, of the promoted electron. Along the same 
line, the transitions are governed by the same energy levels, spin states, angular momenta, and 
selection rules as are described by usual convention. These XANES transitions are often referred 
to as the white line intensities, and since the density of the HOMO-LUMO band is dependent on 
the absorbing metal’s oxidation state, the change in the XANES integrated absorption area 
between states is linearly related to the oxidation state of the metal. Specifically, Pt has several 
possible transition available, but the L3 transitions have the highest white line intensity and are 
therefore used for these calculations. 
If the incident x-ray energy is sufficiently high relative to a XANES edge in order to 
cause an inner core electron to be ejected, the x-rays will interact with these backscattered 
electrons, giving some undulation of the detected transmission or fluorescence signal, referred to 
as extended x-ray absorption fine structure (EXAFS).22-24 The resultant x-ray signal data, if 
properly fitted, can yield bonding information in the local coordination shells. The reality that the 
data reported from this type of measurement is ensemble in nature can impact the data 
interpretation, however, compelling information about metal-metal bonding, metal-adsorber 
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pairs, coordination number (particle size and shape information), and bonding disorder can be 
extracted for well-controlled samples.22,23 Chapter 4 will focus on the investigation of Pt surface 
stress evolution during the ORR utilizing XANES and EXAFS data, as well as a surface stress 
measurement. 
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1.6. Figures 
 
 
Figure 1.1. Schematic illustration of the operation of a typical lithium-ion battery. Upon 
discharge, lithium ions react with the cathode host material as electrons pass through the external 
circuit toward the cathode. When charging, the reverse operation occurs.25   Copyright by John 
Wiley and Sons, 2008. 
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Figure 1.2. Projected improvements of total specific capacity of a lithium-ion battery based on 
fixed weight of all packaging materials and fixed cathode specific capacities(Open circles: 
Cc=140 mAh/g, closed circles, Cc=200 mAh/g) 
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Figure 1.3. Lithiation of single crystalline silicon. Large volumetric expansion causes fracture of 
along the interfaces between lithiated and unlithiated silicon.12 Copyright by John Wiley and 
Sons, 2011. 
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Figure 1.4. a) Cross-sectional SEM images of (111) single-crystalline silicon wafer with (110) 
crystalline faces exposed preferentially to contact electrolyte during galvanostatic charging. (b) 
After galvanostatic cycling of a (110) wafer with (111) faces exposed.12 Copyright by John 
Wiley and Sons, 2011. 
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Figure 1.5. XANES of Pt. (A) Electronic transitions of L1, L2, and L3 edges. The letter 
associated with each transition series (K, L, and M) are associated with the principle quantum 
number of the electronic orbital from which the absorbing electron originated. Electronic 
transitions terminate in the LUMO, as indicated. (B) Selection rules limit which transitions are 
allowed. The L3 transition has the largest XANES white line edge and is therefore most sensitive 
to changes in the oxidation state or d-band occupancy. 
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DIRECTED TRANSPORT AS A ROUTE TO IMPROVE PERFORMANCE IN 
MICROPORE-MODIFIED ENCAPSULATED MULTILAYER SILICON ELECTRODES 
 
 
Text and figures in this chapter are reproduced with permission from the published work: J. L. 
Goldman, M. W. Cason, D. J. Wetzel, H. Vieker, A. Beyer, A. Gölzhäuser, A. A. Gewirth, R. G. 
Nuzzo, “Directed transport as a route to improved performance in micropore-modified 
encapsulated multilayer silicon electrodes” Journal of the Electrochemical Society 160(10), 
A1746-A1752 (2013). Copyright 2013, The Electrochemical Society. 
 
 
2.1. Abstract 
Energy storage is an increasingly critical component of modern technology, with 
applications that include energy infrastructure, transportation systems, and portable electronics.  
Improvements to lithium-ion battery energy/power density through the adoption of silicon 
anodes—promising both gravimetric and volumetric capacities that far exceed traditional carbon-
based anodes—has been limited by ~300% strains and poor coulombic efficiency during charge 
and discharge ((dis)charge) cycling which result in short operational lifetimes.  We examine 
encapsulated micropore-modified silicon anodes that define lithium mass-transfer dynamics to 
constrain strain evolution and improve capacity retention during (dis)charge cycling.  Fully 
integrated cells incorporating this silicon anode and a commercial grade LiCoO2 cathode 
maintain their capacity for 110 cycles with >99% average coulombic efficiency from cycles 5 to 
100.  Anodes with thicknesses up to 50 µm resulted in area-normalized capacities of up to 12.7 
mAhcm-2.  When the silicon anode microstructure pitch is varied, a direct relationship is found to 
exist between the rate capability and volumetric capacity of the anode.  Helium-ion Microscopy, 
Secondary Ion Mass Spectrometry, and Scanning Electron Microscopy, used as ex-situ 
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characterization methods for the evolution of the electrode’s structure on cycling, reveal 
significant changes in nanoscale morphology that otherwise retain the essential laminate 
micropore motif of the initial Si anode. 
 
2.2. Introduction 
Lithium-ion batteries are utilized as system level components in modern technologies of 
diverse form, with applications that include the smart electric grid infrastructure, transportation 
systems, medical devices, military equipment, and portable electronics.1-9  Improvements in 
these batteries—in terms of energy density (Whkg-1), power density (Wkg-1), current density 
(Ag-1), coulombic efficiency (fraction of recovered charge per cycle), multi-cycle lifetime, and 
safety—while maintaining low costs are particularly critical for improving the range and cost of 
electric/hybrid-electric vehicles and smoothing intermittent renewable energy generation.2,5,6,8   
In lithium-ion batteries, energy is stored and released through electrochemical reactions 
of lithium ions with two different electrodes, the anode and cathode, which presently are 
comprised most commonly of graphitic carbon and a lithium ion inserting oxide such as LiCoO2, 
respectively.5  The electrolyte—a lithium salt dissolved in non-aqueous solvents—and a 
permeable polymer film (separator) facilitate ion transport between the electrodes while 
preventing short-circuiting due to their physical contact.  The electrolyte also plays an additional 
role in mediating the stable operation of the batteries via reactions with the electrodes that form 
passive solid-electrolyte interfaces/interphases (SEI) within the range of the safe operating 
electrochemical potentials.10-12   
Higher energy/power density electrode materials (than conventionally used carbon 
anodes and LiCoO2 cathodes)—whilst maintaining safety—are required for the next generation 
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of lithium-ion batteries.5,13  Silicon anodes for lithium-ion batteries have the highest achievable 
theoretical gravimetric capacity (3579 mAhg-1 compared to 372 mAhg-1 for a carbon anode).  
The lithiation of silicon to Li3.75Si, however, is accompanied by ~300% volumetric expansion.  
In simple, flat morphologies this large mechanical strain typically results in fracture of the 
electrode and the loss of electrical contact after only a few cycles.13,14 
Most form factors of commercial lithium-ion cells, such as cylindrical, pouch, and coin 
cells consist of thick anode and cathode films (tens to hundreds of microns).5  These films are a 
mixture of active material, conductive carbon (e.g. acetylene black), and a polymer binder cast in 
the form of a slurry and dried to a current collector such as copper foil, with carbon-based anodes 
typically using a polyvinylidene difluoride (PVdF) binder.5  The substitution of Si for C in such 
cells has proven challenging and many approaches have been explored to mitigate the 
degradation of silicon during (dis)charge of the electrode to improve cycle lifetime.  There has 
been some success using PVdF binders with silicon particles, but recent developments of binders 
such as carboxymethyl cellulose15 and sodium alginate16 have improved the long-term cycling 
efficiency of silicon.  The use of inactive—or less active—additives to the silicon laminate 
matrix to form composites has also been explored as a means of buffering the expansion of 
active silicon and in some cases shown to improve the electrical conductivity of the film.13,17-20  
The size of the silicon particles, as well as the particle morphology, can have a 
considerable impact on the durability of the electrode.  Silicon nanoparticles, as well as 
nanowires, nanotubes, and nanorods, have demonstrated near theoretical capacities over tens to 
hundreds of cycles with fast rate capability.14,18,21-25  Recently, Cui et al. demonstrated electrodes 
consisting of yolk-shell26 silicon-carbon nanoparticles and double-walled silicon nanotubes27 that 
isolate the silicon surface from direct exposure to the electrolyte during cycling.  This design is 
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proposed to mitigate the continual formation of SEI during cycling and provide mechanical 
support to the silicon, allowing for thousands of (dis)charge cycles versus lithium metal. 
Binderless thin films of silicon less that 500 nm thick, such as those deposited via 
sputtering, have been shown to withstand the stresses of volumetric expansion and contraction 
for a thousand (dis)charge cycles, but suffer from low area normalized capacity.28-31  In an effort 
to increase the area normalized capacity, electrode concepts aimed at microbattery applications 
featuring thin silicon films deposited on three-dimensionally patterned substrates are being 
explored.32,33.  Another binderless approach utilizes porous silicon electrodes that can have 
moderate capacities for hundreds of cycles and good rate capability.34-36.   
In an earlier paper we demonstrated a self-strain-limiting behavior in model single-
crystalline silicon anodes exploiting the crystallographic-dependent anisotropy of the 
electrochemical lithium insertion reaction to do so.37  Herein we demonstrate an approach to 
strain mediation, one that exhibits reduced capacity loss upon (dis)charge cycling via a new—
non-crystallographic dependent—form of anisotropic lithium transport that exploits 
encapsulation of a micropore-modified silicon anode. Relatively thick (4 microns) binderless, 
free-standing silicon films of this form have been cycled in full cells versus commercial LiCoO2 
cathodes.  This method utilizes the advantages of microlithography in order to fabricate well-
defined microstructures, enabling the investigation of a geometric design rule relating rate 
capability and volumetric capacity. 
 
2.3. Experimental 
The process flow—the series of photolithography and etching steps—used to fabricate 
the Cu/Si/Cu anode is shown in Figure 2.1.  The process scheme utilizes standard semiconductor 
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fabrication methods to construct the prototypes needed to provide proof of concept design 
attributes for model anodes of this type.  Previous data37-40 affirm that the crystallinity of the 
silicon is lost during cycling, and for this reason, a single-crystalline source material is not 
required.  We do so here, however, to facilitate the ease of fabrication using silicon-on-insulator 
(SOI) wafers obtained from Ultrasil Corporation as a source.  The wafers consisted of a 4-50 
micron silicon (device) layer; for the samples tested, the N-type (phosphorous-doped, resistivity 
of 1-10 ohm-cm) device layer had a (100) orientation.  Before photolithography, silicon samples 
were cleaned using Nanostrip (Cyantek) and rinsed with DI water.  Photolithographic patterning 
was performed using AZ 5214 (Clariant) photoresist and exposed to UV light using a patterned 
chrome mask and a mask aligner (MJB3 Mask Aligner, Suss Microtech), followed by 
development in AZ 327 MIF (Clariant).  Bosch Process etching of the exposed regions of the 
silicon samples was performed using inductively coupled plasma reactive ion etching (ICP-RIE) 
on an STS Mesc Multiplex Advanced Silicon Etcher.  The samples were then cleaned with 
acetone, isopropyl alcohol (IPA), and RCA1.  The device layer (handle) was then released from 
the SOI wafer by etching the buried oxide layer with concentrated hydrofluoric acid (HF, 49%). 
Photoresist (AZ 5214) was spin coated onto a glass coverslip (same procedure as above) 
and baked for 10 minutes at 110 °C.  The silicon was then transferred to the photoresist-coated 
slide.  100 nm of copper was directionally deposited (normal to the film) using an electron beam 
deposition instrument (Temescal).  The samples were then removed from the glass slide, flipped 
over, and cleaned in IPA.  A final 100 nm film of Cu was deposited on the silicon surface in the 
same manner as above. 
Further experiments tested the performance after an additional layer of polyethylene was 
added to the anode.  The polymer—in this case polyethylene (PE)—was dissolved in decalin 
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under reflux and spun onto the top of the Cu-coated silicon film.41  PE (Filmgard) was dissolved 
in boiling (180 °C) decahydronaphthalene (decalin) at 8 wt% under reflux.  The solution was 
spun on the sample at 500 rpm for 1 minute.  In order to register the channels throughout the 
anode, the PE/Cu/Si layer stack is transferred (polymer side down) onto a polydimethylsiloxane 
(PDMS) block.  Using the silicon as a mask during reactive ion etching (March) of the polymer, 
the resulting channels were registered through all three layers of the electrode.  The PE film was 
etched at 150 W, 150 mTorr, and 20 SCCM of O2 for 4 hours.  The PE coated samples were 
tested in a three electrode cell as described below. 
Coin cell components (MTI) were assembled in an argon filled glove box (Innovation 
Technologies) with Cu/Si/Cu electrodes and sealed using a hydraulic crimper (MSK-110, MTI).  
The electrolyte was 1 M LiClO4 in 1:3 (w/w) ethylene carbonate (EC) : dimethyl carbonate 
(DMC). Silicon active mass was determined by measuring the volume of each sample and 
multiplying by the known silicon density. The device areas were measured optically and the 
channel diameters and film thicknesses were determined by scanning electron microscopy 
(SEM). Galvanostatic measurements of coin cells were conducted using an 8 channel coin cell 
cycler (MTI). Coin cells cycled vs. Li metal electrodes were galvanostatically (dis)charge cycled 
between 2.0 and 0.01 V (vs. Li/Li+) or to ~1400 mAh/g. Coin cells featuring commercial 
cathodes were galvanostatically (dis)charge cycled between 3.0 and 4.2 V or to ~1400 mAhg-1. 
Two initial formation cycles were run at 90 mAg-1 (15 hours per complete (dis)charge) before 
cycling at higher rates. Gravimetric capacities reported in this paper are based solely on silicon 
mass.  We were unable to stably charge/discharge cycle silicon anodes at near theoretical 
capacities, likely due to this strategy’s inability to mitigate the drastic strains obtained at near 
theoretical capacity for silicon. 
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Ex-situ analysis was performed on samples cycled in a three-electrode cell in order to 
minimize sample damage during coin cell disassembly.  Samples were prepared as above and 
adhered to cover glass substrates using a spin-on-glass (SOG) adhesive layer.  Glass slides were 
cleaned and then spin-coated with SOG (Filmtronics 500F, filtered with a 0.2 um pore size 
syringe filter) at 700 rpm for 6 seconds.  The electrodes were immediately transferred to the 
support where the SOG was allowed to dry at room temperature before being cured in an oven at 
130 °C for 12 hours.  A copper wire was fixed to the electrode with conductive silver epoxy 
(Epotek).  An inert epoxy (5 Minute Epoxy, Devcon) was then applied to define the active area 
of the electrode. 
Three-electrode cell experiments were conducted in an argon filled glove box.  
Galvanostatic (dis)charge cycling and cyclic voltammetry of Cu/Si/Cu electrodes was conducted 
using a galvanostat/potentiostat (CHI660D) with Li metal counter and reference electrodes, 
operated between 2.0 V and 0.01 V (vs. Li/Li+).  Galvanostatic cycling of devices used for SIMS 
imaging were cycled at a rate of C/10.  Cyclic voltammetry measurements used a scan rate of 10 
mV/sec.  The electrolyte was 1 M LiPF6 (Strem Chemicals) in 1:1 (w/w) diethyl carbonate 
(DEC) : ethylene carbonate (EC) (Sigma Aldrich).  Additional experiments were performed with 
an additional polyethylene layer on top of the Cu/Si/Cu electrode.  Channels were registered 
through all layers of the device.  The details are described in the Supplementary Information. We 
had difficulties using the LiPF6 electrolyte in our coin cells for undetermined reasons and 
therefore we shifted to using a LiClO4-based electrolyte for coin cell experiments.  
Samples tested in three-electrode cells were imaged after being washed with DEC and 
transported to the instruments in sealed vessels.  Scanning electron microscopy (SEM) was 
performed using either a JEOL JSM-6060LV, Hitachi 4700, or Hitachi 4800.  Depth profiling 
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was performed using a Physical Electronics PHI Trift Time-of-Flight SIMS instrument in a 
dynamic/static mode, using O ions at 2 kV for material removal and Au+ at 22 kV as the 
analytical source ion.  Helium ion microscopy (HIM) was performed with a Carl Zeiss Orion 
Plus. The helium ion beam was operated with an acceleration voltage of about 39.5 kV and a 
current of about 0.4 pA. We used a 10 µm aperture at spot control 5 and a sample distance of 11 
mm. A dwell time per pixel of 1 µs at 32 lines averaging was used. 
 
2.4. Results and Discussion 
2.4.1. Capacity Retention of Silicon Electrodes in Full Cells 
The multi-layered electrode consists of a 4-50 µm thick film of silicon and a 100 nm 
copper layer on the top and bottom silicon surfaces, with micron scale channels spaced in a 
hexagonal pattern registered through all layers of the anode (Figure 2.1.a).  Electrodes with 
varying arrays of channels (through altering channel geometry, size, or spacing) can be produced 
over large areas (mm by mm) with minimal defects (Figure 2.3).  As shown by cyclic 
voltammetry in Figure 2.4, an evaporation deposited copper layer of 100 nm reduces the lithium 
transport to a silicon substrate by >90%. Based on the data presented below, we believe this 
encapsulated multilayer electrode design serves to direct the lithiation in ways that can enhance 
its (dis)charge stability. With the top and bottom surfaces blocked, electrochemical lithium 
insertion reactions are restricted to occur primarily transverse to the electric field, at the sidewall 
of the silicon in the channels (Figure 2.1.b and c). This directed transport should result in a more 
cross-sectionally uniform lithiation of the multi-layered (Cu/Si/Cu) electrodes (Figure 2.5.a).  
Two types of non-encapsulated electrodes, one containing microchannels (Figure 2.5.b, Cu/Si) 
and the other simply flat silicon (Figure 2.5.c, Cu/FlatSi) were also fabricated as controls to 
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investigate the benefits that result from the laminate, micropore structures. The Cu base layer is 
used in each case as a self-consistent current collector for the series.  
Anodes with 4 micron thick silicon layers were tested in coin cells versus LiCoO2 
cathode laminates.  The coin cell construction is shown schematically in Figure 2.6.  Cells were 
galvanostatically (dis)charge cycled between 3.0 and 4.2 V at 93 mAg-1 (15 hours per half-cycle) 
for the first two cycles and then at 280 mAg-1 (5 hours per half-cycle) for subsequent cycles.  
Figures 2.5.d and e show a 4 µm thick Cu/Si/Cu device (blue circles) that maintained an average 
coulombic efficiency of >99.0% from cycles 5 to 100.  This anode maintained capacity for 110 
(dis)charge cycles. 
Most controls performed very poorly (with failures after several cycles being common) 
and the highest performing examples of the controls are shown in the figure.  The coulombic 
efficiencies exhibited by the controls were markedly lower on average than those of 
microstructured, encapsulated devices (Figure 2.5.e).  Specifically, the average coulombic 
efficiency of cycles 2 through 65 was 98.2% for the non-encapsulated control, Cu/Si, and 98.0% 
for the flat silicon control, Cu/FlatSi (as compared to >99% for the Cu/Si/Cu device shown in 
blue).  Of many control anodes tested, one maintained capacity for only ~70 (dis)charge cycles.  
Figure 2.7 shows the voltage profiles for a coin cell with Cu/Si/Cu and a commercial 
cathode.  A new plateau region near 4 V vs. silicon advances in the discharge curves, appearing 
after cycle 115. A rise in the charging voltage to above 3.9 V versus silicon (Figure 2.3.c) 
coincides with the appearance of this plateau in the discharge region (Figure 2.3.d).  A change in 
voltage profiles such as this implies a structural change of the LiCoO2 cathode material from a 
layered structure to a spinel structure, a feature that has been discussed in depth in prior 
literature.42-44 Typically the formation of this phase is observed in LixCoO2 when x is at or below 
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0.5.45-47 The spinel form of LiCoO2 has also been shown in a TEM study to form at higher 
lithium concentrations, specifically x = 0.72, and after extensive cycling (334 cycles) of the 
layered material the authors noted the spinel phase was dominant.48 This phase is considered to 
be metastable and deteriorates rapidly upon cycling.43 We associate the failure of the cell with 
the formation of this phase, although we believe that the evolution of the Cu/Si/Cu anodes could 
be partly responsible for the cell failure.  It remains uncertain from the present data whether the 
irreversible losses of Li (e.g. to an SEI layer) or an inhomogeneity in the cathode developed on 
cycling contribute here. The high coulombic efficiencies seen prior to failure tend to implicate 
the latter mechanism in our view.  The two types of controls shown in Figure 2.5 did not show 
the same advance in the voltage profile, but rather a decrease in capacity more indicative of a 
loss of active material. 
 
2.4.2. Electrode Rate Capabilities and Thickness Variation in Half-Cells 
Area normalized capacities of 1.06, 5.38, and 12.74 mAhcm-2 were achieved with silicon 
thicknesses of 4, 20, and 50 μm respectively at a charging rate of 5 hours per half-cycle (Figure 
2.8.a).  The cycling data for the thicker silicon anodes can be found in Figure 2.9.  Further 
optimization of the microstructure, e.g. tuning pore size/separation and encapsulation layer 
thicknesses, might lead to performance improvements.  
The rate capability of the anode was explored by varying the channel array pitch (CAP).  
Electrodes were tested with CAPs of 0.21, 1.15 and 3.72 (corresponding to approximately 5.8 
μm diameter channels and edge-to-edge spacings between the channels of 1.2, 6.7, and 22 μm 
respectively, Figure 2.8.b-d) in coin cells integrating a Li-metal counter electrode.  The first two 
cycles of each Si electrode were charged and discharged at 15 hours per half cycle.  The anodes 
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were then charged at increasing current densities—and for a fixed amount of anode material, 
faster rates—in order to determine the highest power density that an anode with a given CAP 
could sustain stably during continuous (dis)charging over multiple cycles.  Under galvanostatic 
(dis)charge cycling conditions, CAPs of 3.72, 1.15, and 0.21 were able to (dis)charge to 1400 
mAhg-1 (based on silicon mass) in 28.0 minutes (2.99 Ag-1), 15.0 minutes (5.58 Ag-1), and 10.0 
minutes (8.37 Ag-1) respectively (Figure 2.8.e, Figure 2.10). 
An interesting trend evidenced in these data is the inverse relation between rate capability 
and volumetric capacity (mAhml-1) for electrodes with this microstructure.  Electrodes that were 
able to continuously (dis)charge at current densities of 2.99, 5.58, and 8.37 Ag-1, had maximum 
volumetric capacities of 3250, 2860, and 1340 mAhml-1 respectively (Figure 2.8.e).  The rates do 
not scale in a simple geometric manner, as is illustrated by the data shown in Figure 2.8.e.  
Ideally the rates would scale according to the exposed silicon surface area as fabricated.  We 
found, however, that higher rates are achieved than are predicted strictly geometrically, possibly 
due to an increase in the silicon surface area that occurs after the first two forming cycles are 
performed at low rate.  
 
2.4.3. Capacity Retention of Polyethylene/Cu/Si/Cu Electrodes in Full Cells 
Polyethylene was used as an additional means of surface passivation and to further 
stabilize the structural evolution of the Cu/Si/Cu electrode via a flexible transport blocking 
mechanical support. The PE was dissolved in decalin and spun onto the surface of the electrode 
and subsequently etched to reveal channels in registration with the pores of the Cu/Si/Cu 
microstructure.  This electrode is shown in Figure 2.11.a.  The PE-coated electrode was then 
electrochemically tested versus lithium metal, here using a three electrode cell in an argon glove 
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box in order to facilitate ex-situ characterization of the electrode post-cycling (damage to thin Si 
foils always accompanies coin cell disassembly).  
Figure 2.12 shows the (dis)charge cycling data and voltage profiles for a PE/Cu/Si 
electrode. The first cycle gravimetric discharge capacity was 1107 mAhg-1, and the coulombic 
efficiency was 79%.  By the 10th cycle the gravimetric discharge capacity was 1351 mAhg-1, and 
the coulombic efficiency was 97%.  This electrode maintained >98% capacity between the 10th 
and 125th cycles.  The average coulombic efficiency for the 10th to 125th cycle was >98%.  These 
performance metrics were of the same order as the simpler Cu/Si/Cu anodes.  That the pore 
structure is retained is shown in Figure 2.11.b, which presents an SEM of the test electrode 
recovered after 125 (dis)charge cycles. While retaining an intact pore structure, the cycling does 
lead to material deposition as well as impacts due to mechanical work. A cross-sectional image 
of the device after charge/discharge cycling is shown in Figure 2.13. 
 
2.4.4. Ex-situ Characterization of Structural Evolution via HIM, SIMS, and SEM 
Helium ion microscopy (HIM) was used to investigate the non-strictly geometric 
dependence of rate capability.  HIM is an interesting technique due to its very high spatial 
resolution and large depth of field.49 Figure 2.14.a and b show representative Cu/Si/Cu anodes 
before cycling. The ridges visible in the channel sidewalls of the silicon are a nanoscale 
corrugation that arises as a result of the ICP-RIE plasma etching process used to create a high 
aspect ratio channel with a predominately straight-sidewall through the silicon membrane.  After 
a three (dis)charge cycles (Figure 2.14.c), significant structural changes to the silicon surfaces of 
the channels result in increased surface area, possibly resulting in the non-geometric increased 
rate performance seen in Figure 2.8.e. These data reveal that the cycling leads to a gross 
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roughening of the exposed Si side walls. The changes in nanostructure seen reflect impacts of the 
large atomic strains that attend cycling. 
SEM and secondary ion mass spectrometry (SIMS) were used to examine 4 μm thick 
Cu/Si/Cu devices before and after 0, 1, and 5 (dis)charge cycles.  Samples for characterization 
were specifically (dis)charge cycled in a three electrode cell in order to minimize sample damage.  
The data of Figures 2.15.a and b depict a typical Cu/Si/Cu device prior to cycling.  Figures 2.15.c 
and d and 5.15.e and f show data for devices after 1 and 5 galvanostatic (dis)charge cycles, 
respectively, where lithium metal was used as the counter and reference electrodes and capacities 
for the silicon electrodes were limited to 1400 mAhg-1 (based on silicon mass, the same limiting 
capacity used in the full coin-cell samples).  The SEM images, while showing cracking as a 
result of the lithiation/delithiation process, demonstrate that the overall gross microstructure of 
the perforated silicon electrodes is retained.  Data from SIMS provide a compositional depth 
profile for the samples shown in the SEM images and demonstrate that the Cu layer did not 
delaminate from the silicon.  The probe was focused on a non-channel area in order to sputter 
through the SEI and copper layers into the silicon.  Some inter-diffusion at the copper/silicon 
interface was observed in all the samples analyzed—both before and after galvanostatic cycling, 
suggesting silicides may be important to the functioning of these electrodes.  Quantitative 
interpretations of the SIMS data are complicated by the processing steps used to fabricate these 
glass mounted electrodes.  The silicon membranes carry a thin oxide overlayer as initially 
fabricated, and it is on this layer that the Cu is deposited.  Thermal curing of the SOG adhesive 
leads to interdiffusion of the Cu, generating a silicide and graded, oxide bearing interphase.  
Galvanostatic cycling appears to generate additional structure: (a) a lithium rich SEI layer forms 
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atop the electrode and coarsens during the first and fifth cycles; and (b) some lithium 
accumulates at the copper/silicon interface as has been previously reported.50 
 
2.5. Conclusions 
In this paper we have demonstrated a new type of electrode that takes advantage of 
encapsulation of a micropore-modified, binderless silicon electrode in order to direct lithium 
mass transfer.  Comparison of charge/discharge cycling data for encapsulated micropore-
modified Cu/Si/Cu electrodes versus the control electrodes demonstrates that these strategies 
employed within this paper improve electrode performance.  The Cu/Si/Cu electrode design has 
maintained capacity for 110 cycles and achieve >99% average coulombic efficiencies for 100 
cycles versus a commercial LiCoO2 cathode.  We were unable to stably charge/discharge cycle 
silicon anodes at near theoretical capacities.  We also incorporated an additional polyethylene 
coating in order to provide additional surface passivation and mechanical support. With this 
electrode design we were also able to obtain over 125 charge/discharge cycles in a three 
electrode cell, however with slightly lower coulombic efficiencies overall than were obtained in 
the Cu/Si/Cu samples.   
The process flow for fabricating the anodes demonstrated in this paper was developed as 
an expedient means to provide a proof of concept, albeit one that also exploits relatively 
expensive materials and equipment when compared to possible alternative methods.  In future 
work, we plan to explore techniques that can produce anodes with similar form factors as well as 
capabilities using less expensive polycrystalline silicon starting materials.  Since the channel 
design and the materials chosen for the anode in this paper were a proof of concept, other 
methods of controlling mass transport (and strain) in high capacity/strain electrode materials or 
exploiting different form factors might achieve similar or even improved  results in terms of 
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higher capacities, rate capabilities, and coulombic efficiencies.  Additional encapsulation 
schemes might improve safety attributes of similar devices.  A detailed investigation of the 
transport-related inverse relationship between volumetric capacity and rate capability for silicon, 
and mechanisms to reduce coulombic losses (e.g. continual SEI formation) may be especially 
warranted.  
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2.7. Figures 
 
 
Figure 2.1. a) Process flow for microporous silicon anodes encapsulated by copper (Cu/Si/Cu). b) 
Additional fabrication steps beyond a) to add an additional polymer layer (PE/Cu/Si/Cu).  
Channels are registered through all layers in b) by oxygen plasma etching of polymer using the 
silicon as a mask.   
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Figure 2.2. a) Schematic of an encapsulated multilayer micropore-modified silicon anode stack 
(not to scale) consisting of a thin silicon layer (grey) coated with a copper (orange) and polymer 
layer (white) (PE/Cu/Si).  Channels are registered through all layers.  b) Cross-section of a) 
illustrating non-crystallographic dependent anisotropic electrochemical lithium transport 
primarily transverse to the electric field. c) Fixing the bottom of the PE/Cu/Si to a support results 
in expansion being primarily in the thickness (Z) direction upon electrochemical lithium 
insertion. 
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Figure 2.3. A high capacity multilayer Cu/Si/Cu electrode after anisotropic etching via ICPRIE.  
6 um diameter channels can be patterned over large areas with minimal defects. 
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Figure 2.4. Cyclic voltammetry between 2.0 and 0.01 V (vs. Li/Li+) at a scanning rate of 10 
mV/s of a (110) silicon wafer (black), (110) silicon wafer covered with Cu (red), and (110) 
silicon wafers covered with Cu and PE (green). 
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Figure 2.5. The schematic shown in a) depicts the encapsulated microporous device, Cu/Si/Cu, 
while b) and c) represent the non-encapsulated controls, Cu/Si and Cu/Si/Flat, respectively. d) 
Gravimetric capacity during delithiation and e) coulombic efficiency data for silicon anodes 
cycled in coin cells versus commercial LiCoO2 cathodes.  The Cu/Si/Cu anode with a channel 
array pitch of 1.15 and 4 µm thick silicon layer was galvanostatically charge/discharge cycled at 
280 mA/g between 3.0 V and 4.2.   
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Figure 2.6. Optical image of a coin cell and the coin cell cycler.  A diagram of the components 
of a coin cell are included to the right. 
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Figure 2.7. Voltage vs. capacity profiles for the full cell shown in Figure 6. a) Cycles 1 through 
80 are steady leading to voltage increases from b) 80 through 115. c) Charging and d) 
discharging curves are shown for cycles 116 through 126, wherein a new discharge plateau 
advances with cycle count corresponding with higher charging voltages. Not all cycles are shown 
in order to maintain clarity but are evenly spaced through each cycle range. Cycle count 
increases as the sequence: black, magenta, cyan, green, red, and blue; specifically, a) 1, 10, 20, 
40, 60, and 80, and b) 80, 85, 95, 105, 110, and 115, and c,d) 116, 118, 120, 122, 124, and 126. 
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Figure 2.8. a) Area normalized capacity of Cu/Si/Cu anodes with silicon layers up to 50 µm 
thick SEM images of electrodes with CAPs of b) 3.72, c) 1.15, and d) 0.21 are shown. e) 
Volumetric capacity during delithation silicon as a function of channel array pitch is shown in 
black. The blue dots indicate the maximum stable current density for a Cu/Si/Cu electrode 
having different channel array pitches under continuous (dis)charge cycling. Lines are drawn to 
guide the eye. 
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Figure 2.9. Gravimetric capacity during delithiation and corresponding coulombic efficiency 
data for Cu/Si/Cu electrodes a) 20 and b) 50 microns thick.  The electrode with a channel array 
pitch of 1.15 and a silicon thickness of 4 µm was galvanostatically charge/discharge cycled 
between 2.0 V and 0.01 V in a 3 electrode cell. 
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Figure 2.10. Gravimetric Capacity during lithiation of Cu/Si/Cu electrodes with channel array 
pitches of 0.21 (blue right-facing arrow), 1.15 (green diamond), and 3.72 (red left-facing arrow) 
at various times to charge or discharge (different A/g to a constant capacity of 1400 mAh/g) 
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Figure 2.11. a) Top-down SEM image of a PE/Cu/Si electrode before galvanostatic 
charge/discharge cycling.  The insert is a magnified view of a channel. b) Top-down SEM image 
of a PE/Cu/Si electrode after 125 charge/discharge cycles for 5 hours per half-cycle at 280 mA/g 
with a magnified insert. 
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Figure 2.12. a) Gravimetric capacity during delithiation and corresponding coulombic efficiency 
data for a PE/Cu/Si electrode.  The electrode with a channel array pitch of 1.15 and a silicon 
thickness of 4 µm was galvanostatically charge/discharge cycled between 2.0 V and 0.01 V in a 
3 electrode cell.  The dashed line denotes the theoretical gravimetric capacity for carbon.  b) 
Voltage (vs. Li/Li+) vs. time for various cycles of the sample in a).  Minimal changes in the 
voltage are observed with charge/discharge cycling. (Dis)charging curves are shown for cycles 
25 (red), 50 (dark green), 75 (black), 100 (cyan), and 125 (magenta). 
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Figure 2.13. Cross-section SEM image of a PE/Cu/Si/Cu electrode after 5 galvanostatic 
charge/discharge cycles.  A 1-3 micron layer of material can be seen on the top side of the Si. 
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Figure 2.14. HIM Images for Cu/Si/Cu electrodes a,b) before and c) after three (dis)charge 
cycles The images were obtained at approximately a 30 degree tilt angle. 
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Figure 2.15. SEM images and corresponding SIMS data for Cu/Si/Cu electrodes a,b) before 
galvanostatic cycling, c,d) after 1 (dis)charge cycle, and e,f) after 5 (dis)charge cycles.  Red, 
black, and blue corresponds to counts of copper, silicon, and lithium, respectively. 
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CHAPTER  
3 
 
 
INFLUENCE OF OXIDES ON THE STRESS EVOLUTION AND REVERSIBILITY 
DURING TIN OXIDE CONVERSION AND LITHIUM-TIN ALLOYING REACTIONS 
 
Text and figures in this chapter are reproduced with permission from the published work: H. 
Tavassol, M. W. Cason, R. G. Nuzzo, A. A. Gewirth, “Influence of Oxides on the Stress 
Evolution and Reversibility during SnOx Conversion and Li-Sn Alloying Reactions” Advanced 
Energy Materials (2014). Copyright 2014, WILEY-VCH Verlag GmbH & Co. KGaA, 
Weinheim. 
 
 
3.1. Abstract 
We examine the effect of varying the oxygen content in Sn and SnOx films during 
potential dependent SnOx conversion reactions and LiySn alloying relevant to Li ion battery 
anodes.  The films are analyzed by in-situ stress measurements, voltammetry and imaging. For 
metallic Sn films, the stresses and stability of the films are controlled by Li alloying reactions. 
Small, non-contacting separated Sn particles exhibit higher electrochemical stability relative to 
more continuous polycrystalline films with larger particles. Metallic Sn particles develop tensile 
stress during LiySn de-alloying as porous structures are formed. The amount of stress associated 
with lithiation and delithiation of well-separated metallic particles decreases as a porous, easy to 
lithiate, material forms with cycling. During the lithiation of oxides, conversion reactions (SnOx 
→ Sn) and the lithiation of the metallic Sn control the stress responses of the films, leading to 
highly potential-dependent stress developments.  In particular, we find evidence for a multi-step 
electrochemical mechanism, in which partially reversible lithiation of the oxygen-containing 
phases is conjoined with a fully reversible lithiation of the metallic phases of the Sn. The 
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electrochemical stress analysis provides new insights into these mechanisms and delineates the 
extent of the reversibility of lithiation and conversion reactions of oxides.  
 
3.2. Introduction 
The Li ion battery is widely considered the energy storage technology of choice for 
portable electronics and electric vehicles.1,2 While substantial progress in Li ion battery 
technology has been realized, further enhancements in capacity are necessary to fully realize its 
potential, particularly for vehicular or grid applications.3 
Research directed at increasing the capacity of Li ion batteries has many components, 
areas where in varying degrees, important advances have been made.  One area seeing 
substantial progress is the anode (or the negative electrode) of the battery.  Of particular interest 
are metallic and semiconducting materials that alloy with Li in stoichiometries that can 
substantially increase capacities in both gravimetric and volumetric terms relative to the 
presently used graphite material.4 Among these, Sn and Si are particularly attractive as they form 
alloy phases with high Li content (more than 4 Li atoms per Sn/Si atom).5-7 Volume changes and 
subsequent cracking of these alloy phases has long been an issue precluding their adoption. 
Sn anodes form Li4.4Sn alloys in their fully lithiated state, corresponding to a theoretical 
capacity of 994 mA h g-1.8 The performance of Sn-based anodes suffers from long-term 
instability and therefore a lack of capacity retention. The capacity fade is associated with two 
major factors: i) dramatic volume changes and resulting accumulative stresses (causing among 
other things instability in the SEI), as a consequence of the higher Li capacity;6,9-11 and ii) the 
effect of the presence of SnOx, and the resulting electrochemical and mechanical changes that it 
mediates in the electrode materials. 9,12,13  
 53 
Metallic Sn undergoes the following alloying reaction during lithiation:8 
Sn + xLi+ + xe− ↔ LixSn (0 ≤ x ≤ 4.4).  (1) 
In the presence of oxides (i.e. SnO and SnO2) , additional lithiation and conversion 
reactions occur at potentials more positive than those for metallic Sn-Li alloying: 
SnO2 + 2Li+ + 2e− → SnO + Li2O  (2) 
SnO + 2Li+ + 2e− → Sn + Li2O.  (3) 
SnOx lithiation forms a Li2O matrix as SnOx reduction to zero valent Sn occurs. During 
this process, crystals of zero valent Sn grow within the Li2O matrix.14 Including the conversion 
reaction, the maximum capacity of this system is 8.4 Li for each Sn atom. Irreversible oxide 
conversion reactions are believed to lead to irrecoverable capacity loss for Sn in the presence of 
oxygen.8,15 It is also believed that most of these conversion reactions fully and irreversibly occur 
during the first cycle.16 
A promising direction for progress in using Sn-based anodes for Li-ion batteries centers 
on forming composite nanostructures with improved capacity retention.6,9,11,12 Such materials are 
designed to buffer the dramatic volume changes that occur during lithiation-delithiation.  The 
effect of the presence of oxides on the stability of Sn materials in these composites during 
cycling remains poorly understood.   
Here, using in-situ electrochemical stress measurements, we assess the influence of the 
presence of oxygen in Sn and SnOx containing thin films on their cyclability and stability during 
lithiation. The surface stress measurements provide important new insights into changes 
occurring at the Sn electrode during lithiation, and oxide conversion reactions. Well-separated 
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nanostructured metallic films exhibit optimized activity only when sufficient inter-particle 
distances for expansion and contraction during cycling is provided. In the presence of oxides, we 
find evidence suggesting that lithiation and conversion of SnOx components demonstrate a quasi-
reversible attribute during steady state cycling. During these electrochemical reactions not all of 
the oxygen content is irreversibly converted to Li2O. In-situ stress measurements record the 
effects of formal Li2O delithiation processes, which we show likely involves an intimate contact 
with Sn-containing phases. These results when taken together provide new principles for the 
design of nanostructures of Sn-based anodes to improve electrochemical performance. In 
particular, nanoscale Sn electrodes are likely to exhibit a higher degree of reversibility relative to 
bulk materials. 
 
3.3. Results and Discussion 
In this work, we evaluated different types of Sn-based anodes with varying oxygen 
content. Anodes were prepared through electrodeposition in solutions with (‘oxygen-rich’) and 
without (‘oxygen-deficient’) dissolved oxygen, and by electron-beam evaporation (‘metallic’).  
The relative content of oxide and metallic Sn was controlled by the presence of the dissolved 
oxygen in the deposition solution. In the presence of oxygen, the oxygen reduction reaction 
(ORR) at the interface causes local pH changes, resulting in deposition of SnO2 at the deposition 
potential.17 The surface oxygen content of the different electrodes was evaluated by using X-ray 
photoelectron spectroscopy (XPS) as shown in Figure 3.1.  The position of the XPS peaks is a 
sensitive function of the oxidation state of Sn in the film, with more metallic character denoted 
by the core-level peaks appearing at lower binding energies.18-20 
XPS analysis of the surfaces of the Sn deposits (Figure 3.1) shows that all the films 
studied here exhibit features corresponding to SnOx.  In the ‘metallic’ film (Figure 3.1a), XPS 
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shows evidence of Sn0 and Sn2+ and Sn4+ features. These same features are found in the ‘oxygen 
deficient’ film (Figure 3.1b), with slightly less Sn2+ relative to the ‘metallic’ film (55% vs. 50%) 
found in the fit.  Alternatively, the ‘oxide rich’ film (Figure 3.1c) exhibits almost no evidence for 
Sn0 and shows what is fit to be mostly (71%) Sn4+ (and 27% of Sn2+). The oxide seen in the 
‘metallic’ film likely results from surface oxidation of the material following transfer through air 
to the XPS or from other adventitious sources.20,21 Because of surface oxidation, quantitation of 
the degree of oxidation of Sn films using XPS is known to be difficult.20-22 
More quantitative information concerning the degree of oxidation of the Sn thin films is 
obtained from first cycle cyclic voltammograms. The first cycle CV data obtained from the 
‘metallic’, ‘oxygen-deficient’ and ‘oxygen-rich’ films (Figure 3.1d,e, f) exhibit reduction 
features between ca. 0.7 and 0.5 V vs. Li+/0 (marked in gray in the CV), which are associated with 
the presence of SnOx in the films.
8,9,23,24 At more negative potentials new features appear; the 
reduction wave at 0.4 V is associated with the formation of LixSn alloys.   The anodic scan 
exhibits features associated with delithiation of the film.8,23 The cyclic voltammetric data of the 
Sn anodes presented here agree with previous reports.24-27  Analysis of the CV data presented in 
the Figure 3.1 reveals that the relative amount of the oxide phase present in different films varies 
in a ratio of 1.0:2.9:5.0 between the ‘metallic’ to ‘oxide-deficient’ to ‘oxide-rich’ films.   Thus, 
the ‘metallic’ film is nearly oxide free, while the ‘oxide-rich’ film is likely predominantly 
composed of SnO2. 
 
3.3.1. Stress Changes in Lithium-ion Battery Anodes 
Atomic redistributions and structural changes occurring during electrochemical processes 
results in surface energy and stress changes, which can be monitored using thin film stress 
measurements.28,29 Here we explain some of these effects, particularly as they relate to anode 
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materials for a Li ion battery. Anion adsorption, surface charges, and underpotential deposition 
of metal cations contribute to the stress changes manifested in thin film electrochemical 
systems.28,29 More relevant to batteries, structural and volume changes during Li exchange are 
major contributors to the changes in stress. Figure 3.2 illustrates a representative anode material 
as it undergoes lithiation/delithiation during cycling as it relates to stress changes. At positive 
potentials (e.g. 2.0 V vs. Li+/0), Li+ ions do not strongly interact with the anode material. As the 
potential moves to more negative values and approaches 0.0 V vs. Li/Li+ -- the potential at which 
formation of metallic Li occurs -- Li+ is deposited on or into the electrode through a variety of 
mechanisms including surface and bulk alloying, formation of intermetallics, and intercalation.  
In metallic or semiconducting anodes, Li+ deposition/alloying leads to anode amorphization. 
This deposition/alloying of Li+ results in expansion of the atomic structure of the host anode to 
accommodate the added Li. As shown in Figure 3.2, this expansion of the host atoms results (by 
the convention of definition adopted in cantilever-based stress measurement) in a compressive 
stress experienced over the entire anode. Anode materials exhibiting greater Li capacity 
experience more dramatic host atom redistribution and consequently higher stress during 
lithiation.  For example, Si anodes experience higher compressive stress upon lithiation 
compared to materials which are able to host fewer Li atoms such as graphite and Au.29-31  When 
Li is removed from the substrate, the compressive stress may be released (Figure 3.2), depending 
on the ductility of the host.  Delithiation may also result in additional contraction and 
development of surface pillars and cracks. This contraction results in a tensile stress (Figure 3.2). 
In this paper, compressive stress is represented by a negative-going stress change, while tensile 
stress is a positive-going stress change. 
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3.3.2. Stress Evolution in Metallic Sn Films 
Figures 3 a-f show cyclic voltammetry, corresponding surface stress changes and 
scanning electron microscopy (SEM) images obtained for the ‘metallic’ Sn film during the first 
three cycles between 2.0 to 0.1 V. As a consequence of the island-growth mechanism, deposition 
of an ultra-thin Sn film results in well-separated Sn particles decorating the Cu `substrate (Figure 
3.3d). The CV obtained from the second and third cycles (Figure 3.3a) exhibits a cathodic peak 
at ca. 0.7 V (β) associated with the initial stages of lithiation and formation of a low Li-content 
LiySn alloy (as also suggested by earlier reported theoretical calculations
23).  In the potential 
range between 0.4 and 0.5 V, the voltammetry again shows cathodic features associated with the 
formation of high Li content alloys (LiySn, y > 1).  On the anodic scan, delithiation occurs in a 
series of discrete steps.23,27  
 Stress measurement made during the lithiation of the ‘metallic’ Sn film (comprised of 
well separated particles) are shown in Figure 3.3b.  The initial stages of lithiation, occurring at a 
potential of ca. 0.7 V are associated with development of compressive stress, as expected since 
deposition and alloying processes result in increasing compressive stress as the Li content 
increases.28,29 Sweeping to progressively more negative potentials results in an increase in 
compressive stress resulting from formation of high Li content LiySn alloys.  As noted above, 
compressive stress is found during many deposition processes.28-33 Interestingly, on delithiation, 
the stress becomes tensile and then relaxes to the original value at ca. 0.9 V.  In Si anodes tensile 
stress during delithiation is accompanied by the formation of cracks on the surface and the 
tensile stress observed during delithiation of crystalline Si is retained at the end of the cycle.30 In 
other Li anode materials such as Au, tensile stress is also retained at the end of the cycle, a result 
attributed to the formation of an SEI layer34 on the electrode surface.29  
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SEM images (Figure 3.3d-f) help to clarify the origin of the tensile stress observed during 
the delithiation of the ‘metallic’ Sn film, and its relaxation as the potential moves to more 
positive values.  Initially, the film consists of separated Sn deposits on the Cu surface (Figure 
3.3d).  As a consequence of the delithiation process, the film motif is transformed via the 
formation of surface pillars and porous structures as the Li-containing Sn anode dealloys. Porous 
structures are evident in the image of a surface emersed at 0.8 V (Figure 3.3e). This result is 
consistent with the observation that bicontinuous porous structures form during dealloying of Li-
Sn alloys.35 Additionally, it has been reported that Sn surfaces exhibit the formation of pillars and 
cracks following cycling.30,36  The release of tensile stress at potentials more positive than 0.9 V 
means that the Sn surface has relaxed. As porous structures relax at more positive potentials, 
tensile stress is also removed, and indeed the image shown in Figure 3.3f exhibits a marked 
consolidation of the evolved structures at the end of the cycle.  This transformation of the porous 
material suggests that the Sn atoms are relatively mobile and, at least during initial cycles, the 
porous structures are not stable at anodic potentials. 
The origin of the porous structures form in the delithiated Sn anodes, is likely a 
consequence of the high Li mobility in the LiSn alloy.  The LiySn alloy system exhibits relatively 
high Li mobility in solid state with diffusion constants between 10-7-10-8 cm2 s-1, 37,38 especially 
compared with the other high capacity anodes, such as Si (diffusion constants are ca. 10-9-10-14 
cm2 s-1).33,39,40 Interestingly, it has been shown that surface diffusivity of metals,41 as well as the 
length scale of the evolved porous structures during Li dealloying35 correlate with the 
homologues temperature, 1/TH = Tm/T298 K (Tm: metal melting point) of the substrate. Systems 
with relatively low melting point, such as Sn (1/TH = 1.5) show increased porosity length scale 
formed during dealloying. As 1/TH increases as in Au (4.5), Cu (4.5), Si (5.6), and Pt (6.8) 
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porosity length scale found after delithiation drops accordingly.35 We expect that other substrates 
with relatively low melting point (such as Pb, Cd and Bi) will also exhibit tensile stress 
development during delithiation. 
Figure 3.3c shows the derivative of the stress with respect to the potential plotted vs. 
surface potential. Initial stages of lithiation and formation of the low content LiySn alloys (y < 1) 
are clearly evident at ca. 0.7 V. Interestingly, formation of high Li content LiySn (y > 1) alloys 
are accompanied by two features corresponding to different alloy phases. During the anodic 
sweep, the derivative of the stress shows three discreet de-alloying phases, as is also seen in the 
voltammetry.  Thus, the surface stress measurement follows the voltammetry closely in this case. 
In order to probe the effect of inter-particle distances and particle size on stress evolution 
in metallic Sn films, we evaluated films with increasing particle sizes and surface coverages. 
Figures 4a-k show electrochemical stress measurements made on thin films with increasing 
surface coverage, and their corresponding SEM images. Metallic films with lower Sn coverages 
and smaller particles show sharper features in their CV data (Figure 3.4a), relative to those with 
higher Sn coverages (Figure 3.4b, c), consistent with previous reports.42  During the cathodic 
sweep, features corresponding to the initial stages of lithiation are present at ca. 0.7 V (β) for all 
the films. Features corresponding to the formation of the high Li content LiySn alloys also appear 
at similar potential regions (at ca. 0.4 V) for all coverages. The CV data of the films measured 
during the anodic sweep reveal no major differences, with the de-alloying occurring in similar 
discreet steps for all the metallic films studied. Cycling further yields only small changes in the 
voltammetry data measured for the two lowest coverage of Sn films. Data for the highest 
coverage film (Figure 3.4e), however exhibits a nearly continual decrease in current density with 
cycle number. 
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The nature of the stress evolution seen for the metallic Sn films is revealed in the data 
shown in Figures 4d, e, and f. As expected, all metallic films experience compressive stress as 
the high Li content alloys form at ca. 0.4 V. As surface coverage becomes denser and the particle 
sizes increase, a tensile feature develops at ca. 0.2 V. These tensile features appear while high Li 
content LiySn alloys continue to form. It should be noted that this behavior was not observed for 
the metallic film with well separated particles (Figure 3.3). Interestingly, in the film with the 
highest surface coverage, development of this tensile stress stops before the end of lithiation. We 
believe that the appearance of these tensile features during formation of the LiySn alloys is 
associated with lithiation induced volume expansion and resulting contact between adjacent 
particles as shown in the SEM images of lithiated samples in Figure 3.4. The images show the 
particles growing together as lithiation occurs. The film with little or no spacing between the 
particles (Figure 3.4f), experiences more dramatic fracturing and ultimately the film delaminates 
from the substrate surface, leading to the capacity loss seen in the voltammetry. The SEM 
images in Figure 3.4 show that during delithiation, porous structures form as described 
previously.  The SEM images of particles emersed at 0.8 V further show the presence of cracks 
and other defects absent in images obtained from well-separated particles.   This cracking occurs 
during the delithiation process as a result of a combination of effects including interparticle 
interactions. 
 
3.3.3. Evolution of Stress in the Presence of SnOx 
The presence of oxides in the Sn anodes results in electrochemical conversion reactions 
wherein SnOx in the presence of Li makes metallic Sn and LiO2 (Reactions 2 and 3).
9,24 As 
shown above, these reactions occur at potentials more positive than the early stages of LiySn 
formation (gray area in Figure 3.1d, e and f). Cyclic voltammetry of the 1st and 2nd cycles 
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acquired from an ‘oxygen-rich’ film are shown in Figure 3.5a. In the 1st cathodic sweep, the 
voltammetry of this film shows a pair of irreversible features at ca. 0.7 V (Α, Β), which are 
associated with the oxide conversion reactions (Reactions 2, 3).8,24 In subsequent cycles, these 
features are replaced with less intense cathodic features (α, β). Similar to what was observed in 
the ‘metallic’ Sn films, formation of high Li content LiySn (y > 1) alloys occurs at ca. 0.4 V. On 
the anodic sweep, de-alloying can also be seen in discreet steps, ones similar to what was 
observed in ‘metallic’ films. Two features at ca. 0.70 V and 0.77 V are evident, which are 
ascribed to the de-alloying of high Li content LiySn alloys. An anodic feature at ca. 0.85 V is 
assigned to the de-alloying of low Li content LiySn alloy. Unlike the case with the ‘metallic’ Sn, 
an additional feature (α’) at ca. 1.0 V is present in the ‘oxygen-rich’ Sn voltammetry.  
Figure 3.5b shows the corresponding potential-dependent stress changes of the ‘oxygen-
rich’ Sn film. Compared to stress changes seen in the ‘metallic’ films, the presence of oxides 
results in major changes in the evolution of electrochemical stress. In particular, the ‘oxygen 
rich’ Sn film reveals a notable compressive feature at ca. 0.7 V, followed by a high-magnitude 
tensile feature. The compressive-to-tensile transition noted here occurs in the same potential 
region as the irreversible feature observed in the voltammetry (Figure 3.5a). Because of this 
correspondence, the compressive to tensile transition is most likely related to the oxide 
conversion reactions and the formation of zero valent Sn. Moreover, Figure 3.6 shows that the 
compressive to tensile transition is still present in an ionic liquid solution (1 M lithium 
tetrafluoroborate (LiBF4) in 1-Butyl-3-methylimidazolium tetrafluoroborate (BMIMBF4) 
solution). Presence of the compressive to tensile transition in an ionic liquid solution further 
confirms that the material transition and SnOx to Sn conversion are the more likely origin of this 
effect. 
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Initially, the compressive stress associated with lithiation of SnOx is similar to what is 
found with other Li+ deposition processes.29 As the SnOx conversion reactions to form LiO2 and 
zero valent Sn advance further, the conversion of SnOx to Sn results in a material transition 
causing a tensile stress that follows the early compressive feature. Prior work has shown that 
LiO2 domains form in these reactions that segregate to the surface of the film.12,15 The metallic 
Sn component is retained in the electrode.  Metallic β-Sn exhibits a volume of 27 Å3 per Sn atom 
while SnO2 and SnO have volumes of 36 Å3 per Sn and 35 Å3 per Sn, respectively.43,44  Thus 
metallic Sn at most occupies 35% less volume per Sn atom compared to tin oxide, which is the 
ultimate origin of the tensile behavior evidenced during the conversion reaction.  Interestingly, 
the tensile stress resulting from the conversion reaction dominates the compressive stress 
deriving from Sn film lithiation.  As the potential is swept to more negative values, this tensile 
stress is reduced, most likely due to the compressive interactions resulting from lithiation of what 
is now a more metallic Sn film. Indeed as shown in Figure 3.3, lithiation of the ‘metallic’ Sn 
films resulted in a compressive stress starting at ca. 0.4 V.   
The presence of oxides in the Sn also alters the stresses experienced by the electrode 
during the anodic sweep.  The major effect is that as the potential is swept in a more positive 
direction, the stress again becomes compressive.  This behavior stands in marked contrast to 
what was seen with the ‘metallic’ film, where tensile stress developed on delithiation. As the 
potential is swept anodically, we do not expect more Li to be incorporated in the film. Rather, 
dealloying of high Li content alloys, and reformation of the low Li content LiySn alloys, is 
occurring. The origin of this compressive stress component during delithiation of the oxide films 
must be due to the incorporation of more material into a partially delithiated metallic film while 
Li2O and other lithiated oxygen domains are present. As potential is swept in more positive 
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direction, starting at ca. 0.5 V, the stress changes return to the expected trend of being tensile. At 
these potential ranges (0.5 – 0.8 V) a fully delithiated metallic Sn film is reformed, as lithiated 
oxygen domains (Li2O) are still present.  
In contrast to what was observed in the metallic Sn (Figure 3.3b), in which a tensile stress 
state starts to relax at ca. 0.8 V, the oxide films continue to develop tensile stress until reaching a 
maximum value at ca. 1.0 V. We note that the cathodic voltammetric feature α, and its 
corresponding anodic feature α’, are only found in the presence of oxides, and most importantly 
are retained in the second and subsequent cycles. Hence, the Li2O domains should be delithiating 
at this stage as new oxygen containing phases form. These observations provide evidence for at 
least partial reversibility24,45 in the oxide conversion and lithiation reactions.  
Interestingly, Fig. 5b shows the presence of residual tensile stress at the end of the first 
cycle, in contrast to what was observed with the ‘metallic’ film. There are two possible origins 
for this behavior.  First, the delithated, partially oxided Sn film may be unable to relax following 
delithiation in contrast to the behavior seen with the ‘metallic’ film.  Second, the tensile stress 
may be reflective of the tensile stress built up during the irreversible portion of the conversion 
reactions occurring on the cathodic sweep.  
Electrochemical stress changes measured for the ‘oxygen-rich’ film when initially cycled 
to potentials positive of 0.5 V, a range that precludes the effect that result from the formation of 
high Li content LiySn alloys, are consistent with the observation of partial reversibility in the 
oxide conversion and lithiation of the oxided films (Figures S1a-d). Figure 3.7a shows the 
voltammetry of the ‘oxygen rich’ film, with and without the formation of high Li content LiySn 
alloys. In the absence of stresses resulting from high Li content LiySn alloys, stress changes 
(Figure 3.7b) must be entirely controlled by formal chemistries involving the 
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lithiation/delithiation of oxides, and/or partial reversibility of conversion reactions. The effect of 
these oxide associated processes on the stress changes are better visualized in plot of the 
potential-dependent derivative of the stress data (Figure 3.7c and d). 
 In-situ electrochemical stress analysis during lithiation of oxided Sn films and 
comparison with the metallic Sn behavior suggests that initially a multi-step electrochemical 
reaction mechanism occurs in which the SnOx/Li conversion is operative: 
SnOx + 2x Li+ + 2x e- → x Li2O + Sn + y Li+ + y e- ↔ LiySn (0 ≤ y ≤ 4.4) + x Li2O (4) 
Voltammetric analysis of the region assigned to the conversion reactions reveals that only 
ca. 45 % of the charge exchange in this region in the first cycle (A and B in Figure 3.5a) are 
recovered in the subsequent cycles (α and β in Figure 3.5a). 
In subsequent cycles, the initial irreversible conversions are followed by oxide-related 
reversible lithiation/delithiation reactions, which can be written formally as: 
LiySn (0 ≤ y ≤ 4.4) + x Li2O - y e- ↔ y Li+ + z (< x) Li2O + Sn - 2z e- ↔ 2z Li+ + SnOz (LizOzSn + 
z Li+).  (5) 
Delithiation of Li2O in the presence of Sn ultimately leads to the reformation of at least 
some form of oxide (SnOz) and/or mixed-valence oxide phases (SnLizOz), possibly by transfer of 
oxygen from Li2O to Sn, which occurs after partial delithiation of Li2O. The details of bonding 
between Li, Oxygen and Sn and the stability of any mixed-valence oxide or tin oxide phases 
remain unknown. We note that since these electrochemical stress effects occur in the potential 
region assigned to the SnOx/Li conversion reactions, these reactions may exhibit partial 
reversibility. Breakage of the Li-O bond (bond strength = 3.47 eV)46 and recovery of Li+ is 
thermodynamically difficult. There is precedent, however, for extraction of Li from Li2O during 
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delithiation of nanosized oxide materials such as MnO2, Fe2O3, and other transition metal 
oxides.47-54 We suggest that the nanosized particles used here also give rise to the partial 
conversion reaction reversibility seen with other oxides, especially since bulk tin oxide 
structures8,16,55 do not show reversibility in recovery of Li+ from Li2O at this potential region.  
Analysis of the charges exchanged at steady state during oxide related (α peak) and metallic Sn 
features reveals that 29 ± 2 % of Sn are bound with oxygen. In any event, the stress 
measurements and voltammetry all suggest reformation of some form of oxided Sn material. 
 
3.3.4. Steady State Electrochemical Stress Evolution of Sn Anodes: Influence of Oxygen 
Figures 6a-f show voltammetry and corresponding stress changes of metallic and oxide 
containing films measured at steady state (cycles 3 to 8).  
Steady state voltammetry data for the metallic Sn film are shown in Figure 3.8a, in which 
similar features as described above are evident. Metallic Sn films with well separated particles 
exhibit good stabilities in their CVs (8 cycles shown here), suggesting little or no potential-
dependent degradation. 
The “metallic” film (Figure 3.8d) initially exhibits a compressive stress starting at ca. 0.7 
V, corresponding to the formation of a low Li content LiySn alloy. The rate of the compressive 
stress formation increases at ca. 0.4 V, a point corresponding to the onset of the formation of high 
Li content LiySn alloys. During the anodic sweep, the surface stress becomes tensile as de-
alloying of the LiySn occurs. As the system is cycled, both the degree of compressive stress seen 
on lithiation and the tensile stress evidenced on delithiation drops. The origin of this behavior is 
likely the development of porous features in the Sn film, which reduces the buildup of stress 
during both lithiation and delithiation of the particles as the films are cycled more.  
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SEM images (Figure 3.9) show that the Sn particles, while originally compact, expand 
and become more porous with cycling. The evolution of the ‘metallic’ microstructures of the Sn 
particles with potential during the first cycle, and the development of the more porous structures 
with further cycling are shown schematically in Figure 3.9. This behavior suggests that given 
enough room to expand, cycled Sn particles might lithiate and delithiate with little adverse 
structural changes.  We are presently examining the consequences this insight might have for the 
design of nanostructured Sn-based anodes. 
Steady state voltammetry of the ‘oxygen-deficient’ and ‘oxygen-rich’ films, shown in 
Figures 6b and c, exhibit similar features. During the cathodic sweep, the oxide specific feature 
at ca. 0.85 V (α) is present. Features corresponding to the formation of low Li content LiySn 
alloys (β), high Li content LiySn alloys (0.5-0.4 V), and the discreet de-alloying of LiySn during 
the anodic sweep are present in all Sn based anodes. At more positive potentials (i.e. ca. 1.0 V), 
the anodic feature α’ is present in the voltammetry of the oxided films. The  α and α’, oxide 
related features appeared to be stable over long-term cycling and are maintained in the later 
cycles, confirming partial reversibility in oxide electrochemical processes. 
Figure 3.8e shows stress changes during cycling of the ‘oxygen-deficient’ Sn film. 
Interestingly, as potential is swept cathodically, compressive stress starts to develop at ca. 0.85 V, 
a potential more positive than that found in the metallic films. The ‘oxygen-rich’ film also 
exhibits the initial development of a compressive stress at the same potential region, i.e. at ca. 
0.85 V (Figure 3.8f). This early stage compressive stress observed in the oxided films is 
associated with oxide lithiation and the formation of lithiated oxygen phases (Reaction 5). 
Following this initial lithiation behavior, both the oxygen deficient and oxygen rich films exhibit 
tensile stress, associated with the conversion reactions, as discussed above.  
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Both oxided films exhibit a drop in the magnitude of the tensile transition seen following 
the initial development of compressive stress. The rate of the drop in the magnitude of the 
compressive-to-tensile feature varies with oxygen content. While the ‘oxygen-rich’ film (Figure 
3.8f) exhibits a constant magnitude decrease, the ‘oxygen-deficient’ film shows a rapid drop in 
the intensity of the feature associated with the conversion of the oxidized Sn to the zero-valent 
Sn. Interestingly, the transition to tensile stress disappears in the cycled ‘oxygen-deficient’ films, 
while the compressive feature at 0.85 V remains stable (Figure 3.8e), pointing to a more 
reversible process in the “oxygen-deficient” films. SEM images of the evolution of the oxide 
particles with cycling are shown in Figure 3.10. 
The steady state in-situ electrochemical stress analysis of the oxided Sn films suggest that 
the reduction and lithiation and consequently the delithiation and partial reformation of new 
phases of oxygen-containing Sn occur with some degree of reversibility (Reaction 5). 
 
3.4. Experimental 
Preparation of the Au electrodeposition substrates were previously reported.29 Chemicals 
were purchased from Sigma-Aldrich (St. Louis, MO) and were used without further purification. 
All solutions were prepared in an Ar glove box with [O2] < 1 ppm. All experiments were 
performed in 1 M LiClO4 (battery grade, 99.99%) in propylene carbonate (PC) solution. Li metal 
foil (Sigma-Aldrich) was used as counter and reference electrodes. Potentials are reported with 
respect to Li/Li+. Scan rates of 1.0 and 0.5 mV s-1 are used for electrochemical studies. 
Sn electrodeposited on Au/glass substrates were prepared by electrodeposition from 
deaerated and under air solutions containing 10 mM SnSO4 (95+%, Aldrich, St. Louis, MO) in 
0.5 M H2SO4 (Optima 93-98%, Thermo Fisher Scientific, Waltham, MA), using a CH 
Instruments 760D electrochemical workstation (CH, Austin, TX). A H2 flame-annealed Pt wire 
 68 
was the counter electrode and a “no leak” Ag/AgCl (Cypress Systems, Lawrence, KS) was the 
reference. Sn electrodeposition in the 10 mM SnSO4/0.5 M H2SO4 solution was performed at -0.6 
vs. Ag/AgCl. The E-pH diagram of Sn56-58 shows that a metallic Sn film is initially deposited at 
this potential. From the coulometry associated with the deposition, the thickness of the Sn layer 
on the Au substrate was ca. 500 nm.  Immediately following deposition, electrodes were rinsed 
with Milli-Q water, and transferred to a Ar atmosphere glove box in order to assemble the 
electrochemical cell used for surface stress measurements.  
Metallic Sn films were prepared by Sn metal deposition onto glass coverslips using 
electron beam evaporation (Temescal). The coverslips were cleaned with acetone and isopropyl 
alcohol and blown dry with nitrogen. A copper metal layer of 20 nm was deposited prior to Sn 
evaporation to ensure conductivity and adhesion of the Sn. Deposition rates and thicknesses were 
controlled by a quartz crystal microbalance (QCM). Metallic Sn films with thicknesses of 100 
nm, 300 nm, 600 nm, and 900 nm, as determined by QCM were prepared and evaluated. Sn 
particle densities were controlled in the e-beam evaporation of the films, by total coverage and 
deposited thickness. Scanning electron microscopy (SEM, Hitachi 4700) was used to examine Sn 
film morphologies as prepared and at various states of charge or discharge. Initial particle sizes 
of the as-deposited Sn spanned from sub-micron particles for the 100 nm deposition to nominally 
continuous Sn films at 900 nm. 
XPS analyses were performed using a Kratos AXIS spectrometer with monochromatic Al 
Kα (1486.6 eV) X-ray source. Au 4f peak was used as reference for correcting the binding 
energy values of the spectra initially. The position of the 3d5/2 peak of Sn in the metallic film was 
484.9 eV, which is in close agreement with the previously reported value of 484.8 eV.18,59 In all 
electrodes, the zero valent Sn 3d5/2 peak was calibrated to the value of 484.8 eV.18 Binding 
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energies of the Sn 3d5/2 levels of Sn2+ and Sn4+ at 486.7 and 487.3 eV are also in good agreement 
with previous reports.20,22,57 
The electrochemical cell and optical setup used for the electrochemical surface stress 
changes measurements were described in details previously.29,60,61 
 
 3.5. Conclusions 
This work shows that stress development, both initially and over long time cycling, 
depends intimately on the amount of oxygen contained in the film. Lithiation of the ‘metallic 
films’ causes compressive stress, as expected. Upon cycling, metallic films show a number of 
surprising features. In particular, the amount of stress associated with lithiation and delithiation 
of well-separated metallic particles decreases with cycle number, due to the formation of a 
porous, easy to lithiate, material. 
In contrast, the stress developed by the oxided Sn materials is much more complicated. 
This analysis shows that stress is dominated by the SnOx conversion reactions leading to the 
formation of Sn (metal) and Li2O (or other Li oxides).  The electrochemical stress records the 
effect of lithiation of the SnOx material, the conversion reaction, and the lithiation of the resultant 
Sn metal, while following a multi-step electrochemical mechanism.  Long term cycling shows 
that the effect of the presence of oxides is not completely removed.  In particular oxided films 
exhibit at least partial reversible compressive-to-tensile transition at potentials where the 
conversion reaction occurs.  The existence of reversible behavior is likely associated with partial 
delithiation of Li2O during anodic sweep, likely due to the presence of nano-sized particles.  In 
turn, this means that not all the oxygen in the film is intractably bound up by lithium. 
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Overall, this work shows that the in-situ electrochemical stress analysis is exquisitely 
sensitive to changes occurring on the electrode, and provides insight into the design principles of 
more applicable and stable Sn-based anodes.  Some of the processes reported here lead to only 
marginal alteration of the voltammetry, but the intrinsic structural and volume changes as 
materials evolve is well-captured by the electrochemical stress. 
 
3.6. Acknowledgements  
Financial support from the U.S. Department of Energy is gratefully acknowledged. This 
research was supported as a part of the Center for Electrical Energy Storage: Tailored Interfaces, 
an Energy Frontier Research Center funded by the US Department of Energy, Basic Energy 
Sciences under award number DE-AC02–06CH11. 
 
  
 71 
3.7. Figures 
 
Figure 3.1. XPS analysis and 1st cycle cyclic voltammetry of (a,d) ‘metallic’ Sn, (b,e) ‘oxygen 
deficient’ Sn, and (c,f) ‘oxygen rich’ Sn anode materials.  
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Figure 3.2. Atomistic and structural changes in a representative anode material during 
lithiation/delithiation cycles and resulting stress changes (left). Electrode/cantilever changes 
resulted from stress development in the active thin film (right).   
 
 
  
 73 
 
 
 
 
Figure 3.3. (a) Cyclic voltammetry (1st: black, 2nd: red, and 3rd: grey), (b) corresponding surface 
stress changes, and (c) derivative of the surface stress with respect to the potential, cathodic 
(solid line) and anodic (dashed line) are shown. (d), (e), and (f) show SEM images of evaporated 
Sn samples emersed at different potentials, the scale bar represents 2 µm. 
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Figure 3.4. Cyclic Voltammetry (a), (b), and (c) and corresponding surface stress changes (d), 
(e), and (f) of three evaporated Sn samples with increasing coverage and particles density. SEM 
images show the different Sn surface coverages found with the three Sn samples considered here 
(middle), and particle evolution with cycling found with the lowest two Sn coverages (right). 
Circles show the regions that particles grow into each other. Arrows in images of the films 
emersed at 0.8 V represent areas that cracking can be observed.  
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Figure 3.5. (a) Cyclic voltammetry and (b) corresponding surface stress changes (1st and 2nd 
cycles, black and red lines respectively) of “oxygen-rich” Sn anode. 
 76 
 
 
Figure 3.6. Cyclic voltammetry (a) and electrochemical stress (b) analysis of “oxygen rich” Sn 
anodes in a 1 M lithium tetrafluoroborate (LiBF4) in 1-Butyl-3-methylimidazolium 
tetrafluoroborate (BMIMBF4) solution. 
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Figure 3.7. Electrochemical stress changes (multiple cycles), cyclic voltammetry (a) and 
corresponding surface stress (b) of the ‘oxygen-rich’ Sn anode before the formation of the high 
Li content LiySn alloys (>0.5V). Derivative of stress during cathodic (c) and anodic (d) sweeps, 
highlights electrochemical and conversion effects. Last cycle shows the full cycle when cycled to 
0.1 V (black dashed line). 
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Figure 3.8. Steady state voltammetry (a), (b), and (c) and corresponding potential dependent 
stress changes (d), (e) and (f) acquired from Sn anode materials with varying oxygen contents: 
“oxygen-rich”, “oxygen-deficient”, and “metallic” Sn. 
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Figure 3.9. (top) SEM images of ‘metallic’ Sn of as evaporated film, during 3rd cycle 
delithiation (at ca. 0.8 V), and after 6 cycles of lithiation/delithiation (scale bars represent 5 µm).   
(bottom) Cartoon showing expansion of the Sn particle following delithiation and then collapse 
of the delithiated particle at 2.0 V.  Subsequent cycling leads to a permanently expanded particle 
(void spaces try to better exhibit the development of the porous structures).  
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Figure 3.10. (top) SEM images of (a) ‘oxygen-deficient’ Sn film, and (b) ‘oxygen-rich’ Sn film 
after one, and five cycles of lithiation/delithiation (scale bars represent 5 µm). (bottom) Cartoon 
showing evolution of the SnOx particle during conversion, lithiation, delithiation, and 
subsequent cycling. 
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CHAPTER  
4 
 
 
A COMPARISON OF ATOMISTIC AND CONTINUUM APPROACHES TO THE STUDY 
OF BONDING DYNAMICS IN ELECTROCATALYSIS: MICROCANTILEVER STRESS 
AND IN-SITU EXAFS OBSERVATIONS OF PLATINUM BOND EXPANSION DUE TO 
OXYGEN ADSORPTION DURING THE OXYGEN REDUCTION REACTION 
 
 
Text and figures in this chapter are reproduced with permission from the published work: Evan 
M. Erickson, Muhammed E. Oruc,  David J. Wetzel, Michael W. Cason, Thao T. H. Hoang, 
Matthew W. Small, Diya Li, Anatoly I. Frenkel, Andrew A. Gewirth, and Ralph G. Nuzzo “A 
comparison of atomistic and continuum approaches to the study of bonding dynamics in 
electrocatalysis: Microcantilever stress and in-situ EXAFS observations of platinum bond 
expansion due to oxygen adsorption during the oxygen reduction reaction” Analytical Chemistry 
2014, 86 (16), pp 8368–8375. Copyright © 2014 American Chemical Society. 
 
 
4.1. Abstract 
Microcantilever stress measurements are examined to contrast and compare their 
attributes with those from in-situ X-ray absorption spectroscopy (XAS) to elucidate bonding 
dynamics during the oxygen reduction reaction (ORR) on a Pt catalyst. The present work 
explores multiple atomistic catalyst properties that notably include features of the Pt-Pt bonding 
and potential-dependent changes in bond strains that occur upon exposure to O2 in the 
electrochemical environment. The alteration of the Pt electronic and physical structure due to O2 
exposure occurs over a wide potential range (1.2 to 0.4 V vs normal hydrogen electrode vs. 
NHE), a range spanning potentials where Pt catalyzes the ORR to those where Pt-oxide forms 
and all ORR activity ceases. We show that Pt-Pt surface bond strains due to oxygen interactions 
with Pt-Pt bonds are discernible at macroscopic scales in cantilever-based bending measurements 
of Pt thin films under O2 and Ar. Complementary extended X-ray absorption fine structure 
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(EXAFS) measurements of nanoscale Pt clusters supported on carbon provide an estimate of the 
magnitude and direction of the in-operando bond strains. The data show that under O2 the M-M 
bonds elongate as compared to an N2 atmosphere across a broad range of potentials and ORR 
rates, an interfacial bond expansion that falls within a range of 0.23 (±0.15) % to 0.40 (±0.20) %. 
The EXAFS – measured Pt-Pt bond strains correspond to a stress thickness and magnitude that is 
well matched to the predictions of a mechanics mode applied to experimentally determined data 
obtained via the cantilever bending method. The data provide new quantitative understandings of 
bonding dynamics that will need to be considered in theoretical treatments of ORR catalysis and 
substantiate the sub-picometer resolution of electrochemically mediated bond strains detected at 
the macro-scale. 
 
4.2. Introduction 
 Pt is a superior catalyst for the ORR but its high cost presents a major barrier to the 
commercial viability of technologies, such as polymer electrolyte membrane fuel cells, that 
require it.1 The ORR has a large overpotential (ca. 0.4 V) in these cells and high mass loadings 
are often needed to provide useful rates.2,3 While work in finding non-noble-metal-based 
catalysts has led to considerable advances,4-7 Platinum group metal (PGM) electrocatalysts 
remain the best ORR catalyst to date and notable for utilizing the high efficiency, direct 4-
electron reduction pathway.8-10 Increase in Pt mass activity through increased surface area has 
lowered overall catalyst cost considerably, but edge effects reduce ORR site-specific activity in 
PGM catalysts, resulting in a nanoparticle size vs. activity limit at 3 - 4 nm.1,3,11-14 Alloying 
techniques can further maximize active surface area by exposing a larger ratio of the more active 
Pt (111) plane, and also affect the electronic character of the catalyst.10,15-21   
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 Catalytic activity balances on interrelated properties such as d-band occupancy, Pt-O 
bond strengths and distances, and O2 adsorption activation barriers.
22-31 In particular, the d-band 
model, relating the energy difference between the d-band center and the Fermi level to the 
binding energy of the adsorbates, has been successfully applied to catalyst design.32,33 These 
studies, both ab initio and experimental, have focused on the Pt-O bond, while presuming a static 
Pt-Pt bond character during ORR.22-31 However, it is understood that there are significant 
reasons, and data,34,35 that suggest such static models are too simplistic and a need exists for 
better information as to the real nature of the bonding dynamics. 
 There exist means that can be used, in principle, to measure such effects. Electrochemical 
surface stress measurements have long been used to investigate the lattice strain effects that 
result from electrodeposition, and the technique has recently been applied to the study of oxygen 
reduction.36,37 Previously, Heaton and Friesen studied the stress-potential behavior of Pt and Au 
electrodes using electrocapillarity. More specifically, they described features in the surface stress 
behavior of Pt in oxygen saturated environments as they related to the onset of oxygen 
reduction.38 Seo and Serizawa investigated the changes in surface stress of Pt electrodes in acidic 
and alkaline sulfate and alkaline fluoride solutions by a bending-beam method, one similar to the 
one we employ here.39 Stafford utilized a dynamic stress analysis, probing the capacitive 
response of Pt films in order to further understand the surface charge effects in the double layer 
region and the multiple stress generating effects caused by adsorbate interactions with the Pt 
surface.40  
 The present work addresses and quantitatively compares measurement protocols that 
provide insights into the in-operando structural dynamics of electrocatalysts, using the oxygen 
reduction reaction (ORR), carried out using a Pt catalyst, as an exemplary model system. Of 
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specific concern in this work is the critical comparison of an in-situ local probe of atomistic 
structure, X-ray absorption spectroscopy (XAS), and a continuum-level/macroscopic probe of 
interfacial dynamics, cantilever strain measurements, that embed these same atomistic features 
within the more macroscopic characteristics of the mechanics involved. The question addressed 
is the degree to which fully quantitative analyses of the atomistic features of the dynamics of 
electrocatalysis can be derived from such data. 
 In situ electrochemical surface stress measurements on Pt films track the macroscopic 
tensile and compressive responses (Figure 4.1a) to applied potentials under inert gas and O2 
sparged environments.  In principle, this measurement can report on the Pt-Pt bond length 
change as a function of O2 exposure, albeit at the macroscopic level. The mechanics are more 
complex than this, however, and other features of the interfaces involved can be (and are 
expected to be) important contributors to measured strain data. 
 X-ray absorption spectroscopy (XAS) is a direct atomistic probe that provides an 
experimental method for measuring the d-band model properties directly.41-48 Initial in-situ XAS 
studies of the Pt-Pt bond showed that platinum catalyst oxidation state changes with 
potential.43,44 More recent in-situ XAS studies of the ORR on Pt benefitted from advances in 
XAS instrumentation and in-situ cell designs.44,49,50  Ziegelbauer et al. analyzed the growth of 
platinum oxide during the ORR by utilizing a flow cell to increase the O2 flux.
49  Crooks et al. 
determined that unsupported Pt nanoparticles exhibit potential-dependent disorder, especially in 
O2 saturated conditions.
50 We recently developed an in-situ electrochemical XAS cell using a 
highly oxygen permeable poly(dimethylsiloxane) (PDMS) membrane window enabling  
production of larger and more controllable ORR currents at the working electrode than 
previously reported.51 This cell facilitates investigation of a wide range of working conditions 
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related to the Pt-catalyzed ORR.  Our previous work used in-situ electrochemical X-ray 
absorption near-edge structure (E-chem XANES) to show that the Pt electrocatalyst is strongly 
influenced when exposed to O2 under potentiostatic control, exhibiting larger d-band vacancies 
than when under N2.
51 We showed that the white line intensity for Pt nanoparticles was greater in 
the presence of O2 relative to N2 at all potentials interrogated between 400 and 1200 mV vs 
NHE. Additionally, the largest difference between the O2 and N2 integrated Δμ(E) L3-edge 
XANES data occurs at cathodic potentials. The change in Δμ between O2 and N2 exposure is 
associated with charge transfer between the Pt and the oxygen adsorbate. These results, obtained 
using 3 nm Pt nanoparticles, have been reproduced on the 1.2 nm particles used in the present 
work (vide infra). Figure 4.1b shows an atomic resolution scanning transmission electron 
microscopy (STEM) micrograph of a typical Pt/C supported nanoparticle in the 1.2 nm size 
range, comprised of Pt atoms well described by a truncated cuboctahedral shape. 
 A particular consequence of the charge transfer process – developed in our XANES work 
and in other studies referenced above – is that Pt-Pt bond distances should also exhibit 
dependence due to O2 exposure and potential.  The smaller clusters used in this work better 
enables XAS to probe such features, ones that are largely surface constrained structural 
relaxations. In this study, we demonstrate the connections that exist between macroscale 
mechanical stress seen in thin film measurements and atomic-scale structural dynamics – 
specifically, surface localized bond strains. We report the results of electrochemical stress 
measurements obtained via a macroscale cantilever setup in order to determine catalyst structural 
evolution in the presence of O2. We compare these results with data from an investigation of the 
extended X-ray absorption fine structure (EXAFS) region of the XAS signal of 1.2 nm Pt 
nanoparticles.  
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4.3. Experimental 
 In-situ stress data was collected using an optical stress measurement setup and cell 
described previously52,53 while the electrochemistry was monitored with a CV-27 potentiostat 
(BASi West Lafayette, IN). Surface stress was measured using cantilever curvature as previously 
described54,55 and was calculated using Stoney’s equation.56 Cyclic voltammetry was conducted 
using a modified glass cover-slip as the working electrode, a Pt wire counter electrode, and a 
Ag/AgCl reference electrode. Cyclic voltammograms were measured at room temperature in Ar 
or O2 saturated 0.1 M HClO4 at a scan rate of 10 mVs-1 from 1.6 V to 0.0 V (vs. NHE). Both the 
surface stress changes and the electrochemical data were recorded using a home-built program 
written using LabVIEW (National Instruments, Austin, TX). 
 Glass coverslips coated on one side with a 20 nm Ti adhesion layer and 200 nm of Pt 
were prepared from borosilicate glass microscope cover-slips (Gold Seal No. 1, 150 µm thick, 
Young’s modulus = 75.9 GPa).  Cantilever-electrodes approximately 25 mm × 1.5 mm were then 
cut from the cover-slips using a diamond-tipped pen in accordance with cantilever dimensions 
for accurate stress values.52 The cantilever-electrodes were rinsed with Milli-Q water (>18 MΩ 
cm−1) and annealed with a H2 flame prior to use. 
 The Pt/C electrocatalyst used in this study was prepared using the incipient wetness 
technique followed by heating under a H2 atmosphere, as described in the Supporting 
Information. The particle size distribution, obtained by using STEM was 1.20  0.60 nm (Figure 
4.2). The catalyst loading on the gas diffusion electrode was measured against a standard using 
X-ray micro tomography (MicroCT) (Figure 4.3). The particle size distribution (1.23  0.37 nm) 
and catalyst loading of the electrode were measured following XAS data acquisition, and are 
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given in the Supporting Information, showing the electrode and catalyst structures changed little 
during data acquisition (Figures 4.4 - 4.5).  
 The electrochemical in-situ XAS cell featured oxygen permeable PDMS windows as 
described previously.51 Electrochemical measurements with the XAS cell were performed using 
a CH Instruments potentiostat. All potentials are referred versus the normal hydrogen electrode 
(NHE), which was calibrated by exposing the Pt electrocatalyst to H2 prior to experiments. The 
XAS experiments were obtained with the Pt catalyst operating in three potential regions: the 
double layer region, (400, 500 and 600 mV); at the onset potential for ORR (900 mV), and at a 
potential where the Pt is electrochemically oxidized to PtOx (1 < x < 2), (1200 mV).  
Electrochemical data for the XAS experiments can be found in the Supplementary Information 
(Figure 4.6).  
 The XAS experiments were performed at the National Synchrotron Light Source at 
Brookhaven National Laboratory, beamline X18B. The beamline utilizes a Si (111) double-
crystal monochromator, which was detuned 25% to minimize higher harmonics. Experiments 
were performed in fluorescence mode, using an Ar-filled Lytle detector for measuring 
fluorescence intensity from the sample. X-ray absorption through bulk Pt foil positioned 
downstream from the sample between the two Ar-filled ionization chambers, was measured in 
the same energy scan with the electrochemical XAS data for energy calibration and alignment. 
Incident beam intensity was measured using a N2-filled ionization chamber positioned upstream 
from the sample. Typical acquisition times were 20 min per scan with a typical potential point 
requiring up to 20 scans. Due to time constraints, only 4 XAS scans were performed at 1200 and 
900 mV, which is the origin of the relatively large experimental uncertainties at these potentials 
compared to the data obtained at other potentials. EXAFS data were extracted from the raw 
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absorption coefficient data using Autobk method57 implemented in the IFEFFIT data analysis 
package.58 The data were Fourier transformed from k-space, where k is the photoelectron wave 
number, to R space and the fitting ranges for quantitative analysis in both k-space and R-space 
were determined. The data were fit in R-space with FEFF6 theory.59 For analyzing the structural 
changes obtained at different potentials, only the nearest neighbor Pt-O and Pt-Pt contributions to 
EXAFS were included in the theory. Since EXAFS cannot distinguish between O and C as the 
scattering atom, "Pt-O" refers to any pair of Pt and O or C as the 1NN. For 3D structure 
determination of a representative particle from the ensemble we applied a multiple scattering 
analysis method that takes into account five nearest Pt-Pt coordinations, including multi-atom 
linkages, as described in greater detail below.  
 
4.3.1. Electrochemical Stress Measurements.  
 Figure 4.7 shows representative results of macroscopic electrochemical stress 
measurements made on a thin film Pt electrocatalyst during the ORR. Figure 4.7a shows 
voltammetry (vs NHE) obtained from the polycrystalline Pt/glass cantilever in an Ar purged 
electrochemical stress cell showing oxygen evolution at 1.4V, oxide stripping between 0.7 to 0.5 
V, hydrogen associated features below 0.2 V, and oxide formation at 0.8 V during the anodic 
sweep.60  The data in Figure 4.7b, obtained under O2, show that the ORR is operative on this 
surface, with an onset of ca. 0.8 V. The voltammetry presented here agrees with previous 
reports.61,62 
 Figure 4.7c shows electrochemical surface stress-thickness changes occurring on the 
cathodic sweep with and without the presence of O2.  Absent O2, the Pt surface exhibits three 
regions of activity as the potential becomes more negative from 1.5 V to ca. 0.1 V.  First, the 
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surface stress becomes more tensile as the potential is swept to more negative values.  Second, 
the tensile slope increases between 0.8 and 0.1 V, but abruptly becomes more compressive 
between 0.1 V to the negative potential limit of 0.0 V. The form of the potential-stress profile is 
consistent with the results of prior reports.39 The tensile stress observed between 0.8 V to 0.4 V 
is assigned to surface contraction resulting from oxygen removal during reduction of the surface 
oxide.60 The surface stress remains tensile as surface potential becomes more negative (0.5 to 0.2 
V), which has been explained in the past as being a consequence of the increasing surface charge 
density in the double layer region. In general, increasing surface charge results in more attractive 
interactions between surface atoms, which cause tensile stress.63,64 The Δstress (Ar minus O2) 
responses of Pt under O2 and Ar behave as predicted by Feibelman’s ab initio calculations, 
which predict a lengthening of M-M surface bonds, that is a reduction in tensile surface stress of 
the Pt surface, in the presence of adsorbed oxygen.65  Nevertheless, Stafford’s investigations 
show that isolating the contributions of adsorption using a macroscopic cantilever measurement, 
particularly within the double layer region, is not trivial.40 
 Figure 4.7c also reports the electrochemical stress-thickness obtained in the presence of 
O2.  The figure shows that while surface stress-thickness curves from Ar and O2 saturated 
solutions exhibit similar patterns, the curve from the O2-exposed sample is displaced in a more 
compressive direction over the entire potential window interrogated.  As discussed in sections 
that follow, the quantitative aspects of these noted differences can be related to precise aspects of 
the M-M bonding dynamics, ones that EXAFS data help constrain and validate. 
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4.3.2. EXAFS Data Modeling 
 Data from XAS, here using small 1.2 nm average-sized clusters supported on C, help 
establish the magnitude of the structural relaxations that occur on Pt surfaces mediating the 
ORR. The EXAFS region in XAS refers to the oscillatory part of X-ray absorption coefficient 
that begins at about 40 eV past the absorption edge. The oscillations originate from the 
interference of the outgoing and backscattered photoelectron waves.45,46 These fine structure 
oscillations are analyzed quantitatively by fitting a theoretical EXAFS equation that takes into 
account multiple scattering contributions of photoelectron paths,59 to the experimental data. 
From such fits, the bond distances of the metal-metal and metal-adsorbate pairs, their 
coordination numbers, as well as the values of mean square bond length disorder, σ2 can be 
obtained.45,46 
 Multiple scattering analysis of a representative nanoparticle sample, for the size/shape 
determination purpose, was performed using an approach reported in previous work.66,67 Figure 
4.8 depicts the EXAFS data in k-space (Figure 4.8a) and R-space (Figure 4.8b) obtained with the 
sample held at a potential of 400 mV under N2.  The k-space range used in the Fourier transform 
was from 2.8 to 17.6 Å-1 and the R-range used in the fit was from 1.4 to 6.3 Å.  The k-space data 
obtained at other potentials are shown in Figure 4.9. The k2-weighting was applied to all the data. 
The most prominent peak at ca. 2.6 Å, uncorrected for the photoelectron phase shift, is due to the 
Pt-Pt contribution. The fitting region in k-space and r-space are indicated by arrows. The fitting 
model included the Pt-O contribution for the first nearest neighbor to a Pt atom as well as Pt-Pt 
contributions corresponding to the first five nearest coordination spheres around Pt absorbers in 
the face centered structure. Multiple scattering paths were included in the theoretical calculation 
as well, as described in greater detail in the SI. The best fit results for the average coordination 
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numbers of Pt-Pt neighbors in the coordination spheres of 1 through 4 around a Pt atom present 
in the cluster are presented in Table 1. The entire list of fit results is reported in Table S1 in the 
SI. 
 The electrochemical structural sensitivities at all potentials were analyzed for the nearest 
neighbor Pt-O and Pt-Pt contributions. The Pt-Pt bond distances obtained from EXAFS fits 
(Figures 4.10 – 4.13) of the R-space data are plotted versus potential in Figure 4.14a. The figure 
shows an increase in Pt-Pt bond distance, 〈𝑅〉, upon exposure to oxygen at all potentials relative 
to N2. Figure 4.14b shows the average bond expansion, ∆〈𝑅〉. It is defined as the difference 
between the average bond distances under O2, ∆〈𝑅〉𝑂2and N2, ∆〈𝑅〉𝑁2, according to Eq. 1. 
∆〈𝑅〉 = ∆〈𝑅〉𝑂2 − ∆〈𝑅〉𝑁2 (1) 
 
Figure 4.14a shows that Pt-Pt distance under O2 exposure is systematically longer compared to 
the N2 exposure, despite a partial overlap of the Pt-Pt distance error bars at potentials greater 
than 500 mV. This expansion is also obvious in the differential potential-dependent 
distances ∆〈𝑅〉 (Figure 4.14b). The trends seen here show that the O2 environment, across a range 
of potentials that include the double layer region, leads to small, but measureable, bond length 
elongation. These modest trends are ones that are also inferred by mechanics models applied to 
the cantilever data, a point discussed below. 
 
4.3.3. Pt Nanoparticle Modeling 
 The measured bond length expansion is intrinsically averaged over all bonds sampled in 
the EXAFS experiment. The bonds averaged include those on the surface and in the interior of 
the Pt nanoparticle.  It is now well established in many cases that bond-length relaxations in 
nanoscale metal clusters are in fact distributed anisotropically. Surface relaxations figure very 
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prominently for supported Pt clusters of this size. In order to estimate the surface contribution to 
the overall bond length expansion, we modeled the Pt nanoparticle by constructing it to be 
consistent with the EXAFS derived coordination numbers and TEM-determined size range as 
described below.66 
In order to obtain the effective coordination number and thus particle size to estimate the surface 
contribution to the EXAFS we utilized results of the multiple-scattering fit to the data, described 
above (Figure 4.8) and tabulated in Table 1. The relevant structural parameters for modeling the 
particle size and shape are the coordination numbers ranging from the first coordination shell 
(N1) to the fourth (N4). The coordination numbers and the STEM-determined average particle 
diameter (1.2  0.6 nm, Figure 4.2) were compared against their respective theoretical values 
calculated for three models of the perfect truncated (with 111 plane) cuboctahedron (T-CO) 
series to determine the best size that fits both EXAFS and STEM sets of results. The T-CO 
nanoparticles are thought to be a good model for supported Pt nanoparticles at the length scale 
considered here.66,68 Table 1 shows that the T-CO most closely related to the combination of the 
experimental data (EXAFS and STEM) is that of a 1.1 nm, 37 atom particle.  This average 
cluster structure is depicted schematically in Figure 4.15. Figure 4.4 shows that minimal particle 
size changes occur during the course of the EXAFS measurement.  
 Figure 4.15 shows the cuboctahedral model used to define a surface-restricted expansion. 
In this surface-restricted model, the basal plane atoms are coordinated with the carbon support, 
and are therefore considered static atoms (blue). Surface atoms are represented in green. There 
are 129 total bonds (Ntotal) in this model, 75 of which involve at least one surface atom (Nsurface) 
and 54 of which involve only static atoms (Nstatic) (Figure 4.16).   
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 Using the 37 atom T-CO model, maximum and minimum values of the surface Pt-Pt 
bond expansion can be calculated from the ensemble-average EXAFS results, as the ORR is a 
surface phenomenon, it seems reasonable to assume that primarily the surface bonds will change 
during a reaction while the subsurface bonds and those surface bonds involving the carbon 
support will remain relatively unperturbed.  Averaging over only the surface atoms results in the 
estimated maximum surface bond expansion value (vide infra).  The opposite extreme is uniform 
bond expansion over the whole nanoparticle, resulting in the estimated minimum surface bond 
expansion value. 
 Figure 4.17 reports these minimum and maximum oxygen-induced expansion values as a 
function of potential, using the modeling described above and in the supporting information 
(Figure 4.16).  The figure shows there is a clear Pt-Pt bond expansion in the presence of O2 at 
400 mV, regardless of the model chosen. The expansion at this potential ranges from 0.006 
(±0.004) Å for the ensemble minimum expansion to 0.011 (±0.006) Å for surface-restricted 
maximum expansion. These data correspond to a 0.23 (±0.15) % to 0.40 (±0.2) % relative 
expansions of the Pt-Pt bonds under O2 over the Pt-Pt bonds present under N2.  Figure 4.17 also 
shows the magnitudes of the Pt-Pt expansion occurring in the presence of O2 at other more 
positive potentials using the same limiting cases of the model. These data and calculations are 
detailed in the supporting information (Table 4.4). 
 Adsorbate induced surface relaxation is a commonly observed phenomena,69-72 with 
lattice constant changes of about a few tenths of Å being common for Pt.73-76  For example, 
hydrogen adsorption has been shown to expand the Pt-Pt near-surface bonds by 0.05 Å or less.77 
Such values are important and theoretical modeling  suggests that the surface lattice constant is 
linearly related to the energy of the d-band center.75 As the lattice expands, the d-band contracts, 
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raising the energy of electrons near the Fermi level that can be donated to adsorbates. The XAS 
experiment probes both these bond length changes (via EXAFS) and the perturbations in the    
electronic structure (via XANES) in the same in-situ experiment. To this end, we repeated the 
XANES white line intensity measurements performed on 3 nm Pt/C particles in previous work51, 
with the 1.2 nm Pt/C particles employed here, with similar trends being observed (Figures 4.18 – 
4.20). The increased potential-dependent ∆XANES intensify differences seen between O2 and N2 
sparged environments, especially at more cathodic potentials, corresponds to an increase in 
electron density at or near the Fermi level and thus to an increase in the stability of O2 and O 
adsorbates. At the same time, the unoccupied orbitals directly above the Fermi level are lowered 
in energy, reducing anti-bonding repulsion present in O adsorption.75 
 
4.3.4. Comparison of Cantilever and EXAFS Results 
 The data in Figure 4.21 shows the differences between potential-dependent strain data for 
the Ar and O2 cases more directly, with the O2 displacement being evidenced lying between 0.05 
and 0.2 N/m.  Interestingly, the compressive displacement seen in the presence of O2 is larger at 
more cathodic potentials, in qualitative agreement with the increased Pt-Pt bond expansion found 
in the EXAFS measurements reported above.  
 We next use the EXAFS-derived Pt-Pt bond expansion to calculate a limiting magnitude 
for a M-M bond stress in order to compare this value with experiment.  In cantilever-based 
measurements the stress is calculated using Stoney’s equation52: 
     (2) 
∆𝜎 = 𝜎𝑡−𝜎0 =
𝑌𝑠𝑡𝑠
2𝐶
6(1 − 𝑣𝑠)
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 Here Δσ is the change in stress, Ys is the Young’s modulus of the substrate, ts is the 
substrate thickness, C is the curvature of the cantilever, and νs is the Poisson ratio of the 
substrate.   Stoney’s equation is valid in the limit where stress is proportional to the (elastic) 
strain via the Young’s modulus of the material56: 
𝜎𝑓 = 𝜖𝑓𝑌𝑓   (3) 
where σf is the stress in the film, ϵf is the strain in the film, and Yf is the Young’s modulus of the 
film.   The Young’s modulus for Pt thin films has been reported in literature to have some 
variation, typically having values slightly less than that of bulk Pt.78,79 A value of 147 GPa was 
taken from the literature and used as a reasonable approximation for this calculation.80 
The bond expansion is used to calculate the strain via: 
𝜖𝑓 =
Δ𝐷
𝑎⁄     (4) 
where D is the change in bond distance and a is the  Pt-Pt bond distance.  From the 400 mV 
data from EXAFS, ϵf ranges between 0.0023 and 0.0040 (using the minimum and maximum 
expansion models described above). Assuming the stress to be manifested over one atomic layer, 
i.e. using data from the maximum expansion model, an estimated stress thickness can be 
calculated, as is reported in Figure 4.21. 
 Figure 4.21 shows the stress-thickness derived from the EXAFS measurements overlaid 
with the change in stress due to O2 exposure obtained from the cantilever method.  Strikingly, the 
EXAFS derived stress-thickness nearly exactly overlaps the data from the cantilever-based 
measurement. As the potential decreases, compressive stress increases in the oxygenated system. 
The uncertainties in the EXAFS measurement give rise to error bars in the stress calculation 
larger than those found with the cantilever method.  The nearly quantitative agreement between 
the two techniques nonetheless means that other putative sources of stress change upon O2 
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exposure – such as defects, surface roughness, and impurities – are insignificant, and that 
cantilever measurements, via atomistic models of the mechanics, can yield information relevant 
to sub-picometer length scales. 
 It is significant to note that the data given in Figure 4.21 also shows that, at lower 
potentials (from 600 mV to 100 mV) the difference between the O2 and N2 stress curves 
increases. The interaction of O2 with Pt is stronger at more negative potentials, even if the 
presence of O2 on the surface is more transient.51 Below 100 mV, H2 evolution becomes 
dominant and the stress becomes more compressive under both O2 and N2.  
 
4.4. Conclusions 
 This work shows that adsorbed O2 results in Pt-Pt bond expansion relative to Pt absent 
this gas. The Pt-Pt bond length increases at more negative potentials as oxides are removed from 
the Pt surface.  Electrochemical surface stress measurements obtained from Pt films shows that 
the presence of O2 leads to compressive stress relative to the O2-free case, the magnitude of 
which is nearly identical to that predicted using the Pt-Pt bond expansion obtained from the 
EXAFS. Our observation of oxygen induced Pt-Pt bond expansion provides additional input for 
computational studies examining the dynamic Pt-Pt bond during the ORR. It is shown here that 
the underlying atomistic bond dynamics manifest in macroscopic, measureable stress changes in 
a benchtop, microcantilever experiment.  
 The corroborating surface stress measurements may potentially yield a simpler method to 
expose trends in the dynamics of metal-metal bonds during electrochemical reactivity.  Future 
work with Pt alloys may exhibit previously unobserved potential-strain phenomena related to 
ORR catalytic activity. 
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4.5. Supplementary Descriptions of Experimental Set and Analysis 
4.5.1. Electrocatalyst Characterization Before XAS Data Acquisition and Catalyst 
Synthesis 
 The Pt/C catalyst was prepared using the incipient wetness technique followed by heating 
under a H2 atmosphere.  Briefly, (NH3)4Pt(OH)2 (Strem Chemicals, Inc.) was dissolved in a 0.1 
M solution of NH4OH (BDH Chemicals Ltd.) and mixed with enough carbon black (Cabot 
Corp.) to yield a 5% wt. loading of Pt. After allowing the solvent to evaporate, the impregnated 
C was reduced in a tube furnace at room temperature with 100% H2 for 30 minutes. After this 
reduction step, the temperature was raised to and held at 300°C, for an additional one hour. 
Finally, the sample was cooled to room temperature under H2 and flushed with Ar for 10 minutes 
prior to removal from the furnace. An ethanol suspension of the Pt/C sample was dropcast onto a 
carbon coated, 200 mesh Cu grid (Ted Pella, Inc.) and characterized using a JEOL model 2010-F 
scanning transmission electron microscope (STEM).  
 
4.5.2. Nanoparticle Size Distribution 
 The STEM micrograph of the electrocatalyst is presented in Figure 4.2a. The 
corresponding size distribution is presented in Figure 4.2b. The particle size is 1.20 ± 0.6 nm 
(with one standard deviation). 
 
4.5.3. Catalyst Deposition and MicroCT 
 The catalyst deposition is described in our previous paper.51 Briefly a slurry of the 
electrocatalyst with Nafion binder (1 mg catalyst : 1000 mg IPA : 4 μL 5 % NafionTM resin 
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(510211, Sigma-Aldrich)) is sonicated for 1 hr. The catalyst suspension was airbrush deposited 
(Iwata High Performance Plus HP-B Plus, TCP Global) onto the carbon cloth electrode (CC6, 
Fuel Cell Earth) with high purity Ar carrier gas. The level of catalyst overspray was calculated 
utilizing X-ray microtomography (MicroCT). The grayscale signal is directly proportional to the 
total catalyst mass divided by area.  The catalyst was loading was found to be 2.5 mg Pt cm-2, 
before and after XAS data acquisition. The standard utilized for MicroCT was a 1.3 cm diameter 
pellet containing 159.7 mg of 20 % Pt/C (E-tek) catalyst. The signal to loading ratios were 
utilized to calculate the amount Pt present in the sample, possible due to the much higher X-ray 
absorption by Pt than by C. The MicroCT image used for the loading calculation, prior to XAS 
acquisition, is presented in Figure 4.3. 
 
4.5.4. Electrocatalyst Characterization After XAS Data Acquisition 
 The STEM micrograph of the electrocatalyst after XAS data acquisition is represented in 
Figure 4.4a. The corresponding size distribution plot is represented in Figure 4.4b. Particle 
ripening is null or minimal; the particle size after acquisition is 1.23 ± 0.37 nm vs. 1.20 ± 0.60 
nm before data acquisition. 
 The MicroCT image of the electrode after XAS data acquisition, with the same standard 
used previously, is depicted in Figure 4.5. The loading calculated using is the same as before 
XAS acquisition (2.5 mg Pt/cm2). 
 
4.5.5. Electrochemical Behavior of the Cell 
 Figure 4.6 depicts the electrochemical behavior of the cell. A CV of the electrode at 50 
mV/s is depicted in Figure 4.6a. The cell has low Pt loading (~5 % wt Pt/C), so the main CV 
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peaks under N2 are lacking; the charging current obfuscates the hydrogen under potential 
deposition (H-UPD) region observed with larger loading electrodes. The main Pt-oxide reduction 
peak is observed and when the electrode is exposed to O2 the large cathodic ORR current 
associated with Pt is evident.  The oxidation peak on the anodic sweep at 0.8 V in N2 indicates 
that the Pt is at least partially oxidized above this potential. 
 The electrochemical behavior during XAS data acquisition is depicted in Figure 4.6b-c. 
Chronoamperometric data from Figure 4.6b shows that steady-state current conditions occur 
shortly after potential is applied, resulting in very small standard deviations of the current at each 
potential presented in Figure 4.6c.  
 The electrode loading, calculated by MicroCT (vide supra), was found to be 2.5 mg/cm2 
before and after data acquisition. The geometric area was 0.46 cm2. Electrochemical surface area 
was not calculated from the CV in Figure 4.6a due to the large charging current contribution. 
 
4.5.6. EXAFS Fits 
 The multiple-scattering fits of the sample under N2 at 400 mV shown in Figure 4.8 of the 
main text were performed as follows. The fitting model included the Pt-O contribution for the 
first nearest neighbor to a Pt atom as well as Pt-Pt contributions corresponding to the first five 
nearest coordination spheres around Pt absorbers in the face centered structure. Multiple 
scattering paths were included in the theoretical calculation as well. The basics of this fitting 
strategy were described in earlier works.66,81  
 The bond lengths between Pt atoms and their nearest Pt neighbors, up to the fifth 
neighbor, were constrained to follow the fcc structure, with the possibility to uniformly expand 
or contract, compared to the distances in bulk Pt. The Pt-O distance and the first nearest neighbor 
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(1NN) Pt-Pt distance were varied independently. In addition, an anharmonic correction, or third 
cumulant, was added in the fit to the 1NN Pt-Pt path (its effect turned out to be negligible on the 
fit). The coordination numbers (CNs) and bond length disorder parameters (2) of all neighbors 
were varied independently, whereas the CNs and most of the 2 values of multiple-scattering 
paths were constrained. The triangular path (denoted as T1) between the first shell Pt atoms had 
its CN constrained to be 8 times larger than the CN of the first nearest Pt neighbor (1NN), as in 
the bulk. The next important triangular path, T2, between the central Pt and its 1st shell and 3rd 
shell neighbors, had its CN constrained to be 4 times larger than the CN of the 3NN. The CNs of 
the collinear paths connecting the central Pt, its 1NN and its 4NN were constrained as follows: 
the double scattering (focusing) path DSF had the CN equal twice the CN of the path connecting 
the central Pt and its 4NN (to account for another, time-reversal, path through the same group of 
atoms) and the triple-scattering path TS had the CN equal to the Pt-4NN CN.  In addition, the 
double scattering DS path between the central Pt atom and its 1NNs on the opposite sides was 
included in the fit as well. The single-scattering paths between Pt and its five nearest Pt 
neighbors are denoted P1-P5. The 2 values of the non-collinear paths were varied 
independently, while those of collinear paths, DSF and TS, were constrained to be equal to the 
2 value of the P4 path.82 Some of the constraints used in the fit are also apparent from Table 4.2. 
 The amplitude factor was found from fitting the bulk Pt foil and fixed to be 0.867 in the 
fits of nanoparticle EXAFS data. The isotropic bond expansion factor was obtained to be  = 
R/R = -0.16  0.13 %. The rest of the fitting results are given in Table 4.2. 
 The fits for Pt-Pt bond expansion measurements were done using the first nearest 
neighbor, single-scattering contributions only. The k-space data (red/solid) and fits (blue/dashed) 
are presented in Figures 4.10 and 4.11. The data was fit to R-space using Artemis software 
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(Figures 4.12 and 4.13). EXAFS data were extracted from the raw absorption coefficient data 
using Autobk method4 that is implemented in the IFEFFIT data analysis package.5 The data were 
fit in R-space with FEFF6 theory using the nearest neighbor Pt-O and Pt-Pt contributions only. 
Since EXAFS cannot distinguish between O and N as the scattering atom, "Pt-O" refers to any 
pair of Pt and O or N as the 1NN.  Fit windows are indicated with black arrows in Figures 4.12 
and 4.13. 
 
4.5.7. The 37 Atom Modeling and the Pt Bond Length Expansion 
 The nanoparticle used for the calculating the surface-restricted expansion contains 37 
total atoms with 129 total bonds (Figure 4.15 and Table 4.1 from the main text).  Atoms in 
Figure 16 are indicated by large green and blue circles, later designated as surface, expanding 
atoms (green) and subsurface, static, non-expanding atoms (blue). The model 37 atom, perfect 
truncated cuboctahedral (PTCH) nanoparticle contains three rows of atoms; there are 6 atoms in 
the upper plane, 12 in the middle plane, and 19 basal atoms. The atom positions above each 
plane are indicated by the red dots in the lower planes.  
 There are 129 total bonds in this model nanoparticle. Each atom in the upper plane has 
three bonds to the lower plane for a total of 54 interplane bonds. There are 9 in-plane bonds in 
the first layer, 24 bonds in middle plane and the basal plane contains 42 in-plane bonds. 
 For the surface restricted expansion, the expanding atoms are indicated in green (15 
total), and the static atoms are blue (22 total) (Figure 4.15). All bonds connected to expanding 
atoms will lengthen (75 dynamic surface bonds). Each expanding atom has 3 inter-plane bonds 
connecting it to the lower plane, totaling 45 bonds. The in-plane bonds that expand are indicated 
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in orange; the top plane contains 9 lengthening in-plane bonds, the middle 21 lengthening in-
plane bonds.   
 The average bond distance, 
R
, is a combination of the total number of surface and static 
bonds, Nsurface and Nstatic as well as the average surface and static bond distances, 
R
Surfaceand 
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 For the purposes of this derivation, surface-surface and surface-static bonds are averaged 
due to the relatively small expansion observed experimentally. 
 Under the maximum, surface-restricted model, O2 adsorption affects the surface only, so 
the summations involving static bonds under O2 and N2 are identical: 
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 By dividing by the total surface atoms, we can find the average bond expansion for 
surface atoms, simplified as:       
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4.5.8. Quantitative Results from in-situ Electrochemical EXAS Experiments 
 The fit results are presented in Table 4.3. EXAFS derived data are represented in Table 
4.3.  The bond length changes in the Pt catalyst operated in the presence of O2 and N2 are plotted 
in Fig. 4.14 and 4.18, are presented in Table 4.4. The Pt-Pt expansion values for the ensemble 
measurement and for the maximum expansion (Equation 4.5 – 4.8) are presented in Table 4.4. 
Table 4.4 contains relative change of Pt-Pt bond distance changes between O2 and N2.  
 
4.5.9. XANES Data 
 The normalized XANES data for all experiments described in this work are depicted in 
Figure 4.18. The data under O2 are depicted in solid lines, while the data under N2 are depicted in 
dotted lines. At all potentials, the white line intensity is larger under O2 than under N2, as 
described in the main text. The data in Figure 4.18 is utilized for the ΔXANES data depicted in 
Figure 4.19a, normalized against the data at the lowest intensity at 400 mV in N2. 
 In Figure 4.19 (a), the ΔXANES μ(E) intensity data for XAS experiments normalized by 
subtraction of the data at 400 mV under N2. (b) shows the integrated values from (a). Error bars 
are calculated from the average standard deviation from 11575 to 11585 eV in (a) for all scans 
(excluding the scan used for normalization, 400 mV under N2), multiplied by the integration 
range (10 eV). 
 The integrated ΔXANES intensity from Figure 4.19b (dotted lines),  is plotted against 
data from our previous study (solid lines) in Figure 4.20.51 Our previous study utilized a larger 
3.0 ± 1.0 nm electrocatalyst (solid lines).  Figure 4.420 further illustrates how the trend seen 
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from previous experiments is repeated, but with a much smaller magnitude. This smaller change 
in d-band vacancy is due to the much smaller particle size, removing much of the possible 
contribution from bulk oxide formation. The small increase between 400 and 500 mV in the 1.2 
nm particle Δμ(E) data is likely due to precoordination of H2O. 
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4.7. Tables and Figures 
 
 
Figure 4.1. (a) The contraction or expansion of surface bonds yield stresses that by convention 
are described as mediating either tensile or compressive modes of deflection in a macroscale 
cantilever, respectively. (b) Aberration-corrected STEM image of an exemplary, individual Pt 
nanoparticle supported on carbon. 
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Figure 4.2. (a) STEM micrograph of the nanoparticles used in the experiment, 5 % Pt on Vulcan 
XC-72. (b) The size distribution calculated from the STEM image, resulting in 1.20 nm ± 0.60 
nm. 
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Figure 4.3. MicroCT image used for calculation of the electrode loading, before electrochemical 
testing and XAS data acquisition occurred. 
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Figure 4.4. (a) STEM micrograph of the nanoparticles used in the experiment, 5 % Pt on Vulcan 
XC-72, after XAS data acquisition. (b) The size distribution calculated from the STEM image, 
resulting in 1.23 ± 0.37 nm. 
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Figure 4.5. MicroCT image of the electrode, after XAS data acquisition, above a standard pellet 
used to calculate a loading by comparison of Pt content (vide supra).  
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Figure 4.6. Electrochemical behavior of the cell. (a) The CV of the electrode at 50 mV/s, 
characteristic of low Pt loading (5 % Pt/C) in acidic electrolyte. (b) The operational current 
densities at varied potentials. (c) Averaged limiting current densities over 30 minutes of 
acquisition time (error bars = 1 std. dev.) 
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Figure 4.7. (a) and (b) show characteristic cyclic voltammograms of Pt/glass under Ar and O2 
sparged environments, respectively. (c) Stress data of Pt/glass of both Ar and O2 conditions. 
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Figure 4.8. (a) k space and (b) R space plots of the k2-weighted EXAFS data under N2 at 400 
mV, with a multiple-scattering fit. Best fit results or coordination numbers for Pt-Pt shells from 1 
through 4 are presented in Table 1.  The k-space and r-space Fourier transform window 
boundaries used for the fits are marked with black arrows. 
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Figure 4.9. k-space data (O2 red, N2 black) for the electrode at (a) 1200 mV, (b) 900 mV and (c) 
600 mV (d) 500 mV and (e) 400 mV vs. NHE.  
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Total 
atoms 
N1 N2 N3 N4 
Diameter / 
nm 
Experiment n/a 6.7 ± 0.4 3.1 ± 1.5 12.3 ± 4.7 4.7 ± 1.4 1.2 ± 0.6 
Models 
10 4.8 1.2 2.4 0.6 0.55 
37 7.0 2.4 7.1 3.2 1.1 
92 8.2 3.2 10.4 5.0 1.7 
 
Table 4.1. Coordination numbers from EXAFS derived data from the sample measured under N2 
at 400 mv and the mean particle diameter obtained by STEM, compared to three cuboctahedral 
models. 
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Table 4.2. Pt-Pt and Pt-O coordination numbers, bond lengths, and σ2 values from the multiple-
scattering EXAFS fit obtained for the sample at under N2 at 400 mV. The values shown together 
with their uncertainties correspond to the independent fitting variables. The rest of the values 
were constrained in the fits as described above.  
Path N R(Å) 
2
 (Å
2
)
Pt-O 0.7  0.2 2.00  0.02       0.003  0.003
P1 6.7  0.4 2.751 0.006       0.0052  0.0002
P2 3.1  1.5 3.91 0.0073 0.0022
P3 12.3  4.7 4.79 0.0083 0.0015
P4 4.7  1.4 5.54 0.0049 0.0022
P5 2.9  3.8 6.19 0.0048 0.0042
Path N R(Å) 
2
 (Å
2
)
T1 24.6 (=8NP2) 4.15 0.012 0.019
T2 49.1 (=4NP3) 5.16 0.016 0.012
DSF 9.5 (=2NP4) 5.54 0.0049 (=
2
P4)
DF 4.7 (=NP4) 5.54 0.0031 0.0029
TS 4.7 (=NP4) 5.54 0.0049 (=
2
P4)
Single-scattering paths
Multiple-scattering paths
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Figure 4.10. k-space data and fits for Pt under N2.  
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Figure 4.11. k-space data and fits for Pt under O2.  
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Figure 4.12. R-space data and fits for Pt catalysts in the electrochemical cell under N2 flow. 
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Figure 4.13. R-space data and fits for Pt catalysts in the electrochemical cell under O2 flow. 
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Figure 4.14. (a) Pt-Pt bond distances under N2 and O2 at three potentials in the double layer 
region (400 mV, 500 mV and 600 mV) and at the ORR onset potential (900 mV) and at an 
oxidizing potential (1200 mV). (b) ∆〈R〉 at all potentials, showing a distinct expansion at all 
potentials upon exposure to O2. 
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Figure 4.15. Depiction of the 37 atom, perfect truncated cuboctahedral nanoparticle, the best of 
the three models in terms of their agreement with EXAFS results (Table 4.1, Table 4.3); this T-
CO was used for calculating the maximum, surface-restricted expansion. The static atoms in the 
surface-restricted expansion model are represented in blue, whereas the dynamic surface Pt 
atoms are represented in green. This ideal particle has 37 atoms with 129 total Pt-Pt bonds, of 
which 75 lengthen when the 15 surface atoms expand.   
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Figure 4.16. The 37 atom, perfect hemispherical, truncated cuboctahedron used in calculating 
the surface-restricted expansion. Surface atoms are in green, whereas the bulk, static atoms are 
blue. Each expanding planar Pt-Pt bond is marked with orange solid lines. Each surface atom 
also has 3 expanding bonds to Pt atoms in the lower plane. Small red dots indicate where the Pt 
atoms in plane above are positioned. The truncated cuboctahedron used for this model has 129 
total bonds with 75 surface bonds for the 15 surface atoms.  
 
Top	Plane	
Middle	plane	
Basal	plane	
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Table 4.3. Pt-Pt and Pt-O coordination numbers, bond lengths, and σ2 values from the EXAFS 
fits obtained at under the O2 and N2 at the indicated potentials. 
 
N2 N(Pt-Pt) R(Pt-Pt) / Å σ
2
(Pt-Pt)  / Å
2
N(Pt-O) R(Pt-O) / Å σ
2
(Pt-O)  / Å
2
400 mV 6.3 ± 0.4 2.762 ± 0.003 0.0052 ± 0.0002 0.7 ± 0.2 2.00 ± 0.02 0.004 ± 0.004
500 mV 6.3 ± 0.6 2.762 ± 0.004 0.0049 ± 0.0003 0.6 ± 0.3 2.00 ± 0.03 0.004 ± 0.006
600 mV 6.5 ± 0.4 2.761 ± 0.003 0.0051 ± 0.0002 0.6 ± 0.2 2.02 ± 0.01 0.002 ± 0.002
900 mV 6.6 ± 0.7 2.762 ± 0.004 0.0057 ± 0.0004 0.7 ± 0.3 2.00 ± 0.02 0.003 ± 0.004
1200 mV 6.2 ± 0.6 2.761 ± 0.004 0.0051 ± 0.0004 0.7 ± 0.3 2.00 ± 0.02 0.003 ± 0.003
O2 N(Pt-Pt) R(Pt-Pt) / Å σ
2(Pt-Pt)  / Å2 N(Pt-O) R(Pt-O) / Å σ
2
(Pt-O)  / Å
2
400 mV 5.9 ± 0.5 2.768 ± 0.003 0.0050 ± 0.0003 1.2 ± 0.5 2.01 ± 0.02 0.006 ± 0.005
500 mV 5.8 ± 0.4 2.767 ± 0.003 0.0047 ± 0.0003 0.9 ± 0.3 2.01 ± 0.01 0.003 ± 0.003
600 mV 6.3 ± 0.5 2.765 ± 0.003 0.0052 ± 0.0003 0.6 ± 0.2 2.01 ± 0.01 0.000 ± 0.001
900 mV 6.2 ± 0.6 2.765 ± 0.004 0.0052 ± 0.0004 0.7 ± 0.2 2.02 ± 0.01 0.000 ± 0.002
1200 mV 5.7 ± 0.4 2.766 ± 0.003 0.0048 ± 0.0003 0.7 ± 0.2 2.00 ± 0.01 0.000 ± 0.001
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Table 4.4. Bond lengths and expansion of Pt-Pt bonds upon exposure to O2 are shown under 
uniform expansion of all Pt bonds and when expansion is limited to surface bonds, according to 
the model described above. 
ΔR(Pt-Pt) / Å ΔR(Pt-O) / Å
Surface limited exp. 
R(Pt-Pt) / Å
Surface limited exp. 
ΔR(Pt-Pt) / Å
R(Pt-Pt) %Exp
Surface limited exp.  
%Exp
400 mV 0.006 ± 0.004 0.00 ± 0.02 2.773 ± 0.006 0.011 ± 0.006 0.2 ± 0.2 0.4 ± 0.2
500 mV 0.005 ± 0.005 0.01 ± 0.03 2.770 ± 0.006 0.008 ± 0.007 0.2 ± 0.2 0.3 ± 0.2
600 mV 0.004 ± 0.004 -0.01 ± 0.02 2.768 ± 0.006 0.007 ± 0.006 0.2 ± 0.1 0.3 ± 0.2
900 mV 0.003 ± 0.006 0.02 ± 0.02 2.767 ± 0.007 0.005 ± 0.008 0.1 ± 0.2 0.2 ± 0.3
1200 mV 0.005 ± 0.005 -0.00 ± 0.02 2.769 ± 0.005 0.008 ± 0.007 0.2 ± 0.2 0.3 ± 0.2
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Figure 4.17. The minimum and maximum Pt-Pt expansion under O2 calculated from the 
ensemble measurement and surface-restricted expansion.  Plotted are both absolute distances, 
∆〈R〉  and ∆〈R〉Max , and percent expansion.  Derivations are included in the supporting 
information. 
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Figure 4.18. Near-edge region of Pt L3 edge data, obtained under O2 or N2 atmosphere 
conditions. The inset shows the region near the maximum in the range from X to Y. 
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Figure 4.19. ΔXANES data, (a), and integrated areas under O2 and N2 atmospheres, (b). 
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Figure 4.20. Integrated values from Figure 4.19b (dotted lines) plotted against 3.0 nm particle 
data from a previous study (solid lines). Data was published with permission from the American 
Chemical Society.51 
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Figure 4.21. Characteristic stress differences obtained from in situ cantilever and EXAFS 
measurements. The black line shows delta stress of Ar minus O2 (from Figure 4.7c) and the blue 
points indicate the expected delta stress based on the Pt-Pt bond strains obtained via EXAFS. 
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CRITICAL REVIEW: EFFECTS OF COMPLEX INTERACTIONS ON STRUCTURE 
AND DYNAMICS OF SUPPORTED METAL CATALYSTS 
 
The text and figures in this chapter are reproduced an invited critical review:   
Reprinted with permission from: A. I. Frenkel, M. Cason, A. Elsen, U. Jung, M. W. Small, R. G. 
Nuzzo, F. D. Vila, J. J. Rehr, E. A. Stach, J. C. Yang, Critical review: Effects of complex 
interactions on structure and dynamics of supported metal catalysts. J. Vac. Sci. Technol. A 32, 
020801 (2014). Copyright 2014, American Vacuum Society. 
 
A.1. Abstract 
This review article takes a new look at the problem of characterization of structural 
properties and reaction dynamics of supported metal catalysts. Such catalysts exhibit an inherent 
complexity, particularly due to interactions with the support and the adsorbate molecules, which 
can be highly sensitive to environmental conditions such as pressure and temperature. Recent 
reports demonstrate that finite size effects such as negative thermal expansion and large bond 
length disorder are directly caused by these complex interactions. To uncover the atomistic 
features underlying the reaction mechanisms and kinetics of metal catalysts, experimental 
characterization must accommodate the challenging operation conditions of catalytic processes 
and provide insights into system attributes. The combined application of X-ray absorption 
spectroscopy (XAS) and transmission electron microscopy (TEM) for this type of investigations 
will be examined and the individual strengths and limitations of these methods will be discussed. 
Furthermore, spatial and temporal heterogeneities that describe real catalytic systems and can 
hinder their investigation by either averaging (such as XAS) or local (such as TEM) techniques 
alone will be addressed by conjoined, multi-scale, ab initio density functional theory 
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(DFT)/molecular dynamics (MD) modeling of metal catalysts that can both support and guide 
experimental studies. When taken together, a new analysis scheme emerges, in which different 
forms of structure and dynamics can be fully characterized by combining information obtained 
experimentally by in situ XAS and electron microscopy as well as theoretically via modeling. 
 
A.2. Introduction 
A.2.1. Historical Development of Catalysis 
Catalysis is ubiquitous in nature.1 One of the earliest examples of catalytical reactions 
known to humans is the fermentation of sugar to ethanol. Records of brewing by the Sumerians 
are about 6000 years old.2 The first systematic studies of catalytically active substances, however, 
were not carried out until the beginning 19th century,3-5 leading ultimately to the fundamental 
definition of the concept of catalysis by J. J. Berzelius in 1835.6 The later 19th and earlier 20th 
century saw tremendous advances in understanding fundamental chemical reaction kinetics. 
Several examples of progression in this vein have to be mentioned. These include: The 
quantitative analysis of reaction rates by L. Wilhelmy in 1850,7 the law of mass action by C. M. 
Guldberg and P. Waage in 1864,8 the description of the temperature dependence of reaction rates 
by S. Arrhenius in 1889,9 the steady state approximation by D. Chapman in 1913,10 the 
quantitative theory of adsorption of gases on surfaces by I. Langmuir in 1915,11 the kinetic 
mechanism of reactions in heterogeneous catalysis by C. N. Hinshelwood in 1927,12 and the 
transition-state theory of chemical reaction dynamics by H. Eyring, M. G. Evans, and M. Polanyi 
in 1935.13 These findings facilitated the concomitant development of various novel kinds of 
catalysts for industrial applications. Notable examples include the hydrogenation of fats (P. 
Sabatier, 1897 14), the ammonia synthesis (F. Haber, 1909 15,16), and the synthesis of 
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hydrocarbons from coal-derived water gas (F. Fischer and H. Tropsch in the 1920s 17). In the 
following decades, the industrial applications of catalysts grew enormously, mainly driven by the 
demands of the oil and later the plastics industry.18,19  A prominent example is the synthesis of 
polymers from olefins (K. Ziegler and G. Natta in the early 1950s 20). During the late 20th 
century up to the present progress, aside from the development of novel catalysts, has mainly 
been driven by efforts to enhance the efficiency, selectivity, and sustainability of existing 
catalytic materials. An important example of such so-called “environmental” or “green catalysts” 
is the three-way catalyst (1973 21,22) that is used for the removal of the pollutants CO, NO, and 
hydrocarbons from automobile exhaust. Nowadays, nearly all chemical processes (i.e., 85-90%) 
used in industry (e.g., for the production of plastics, synthetic fibers, dyes, crop-protection agents, 
and pharmaceuticals) are based on some form of catalysis.19,23 
 
A.2.2. Structure and Dynamics of Supported Metal Catalysts 
Supported metal catalysts exhibit pronounced structural flexibility, chemical reactivity, 
selectivity, and stability.24 Unfortunately, these systems are typically only poorly characterized in 
terms of the fundamental structural and dynamical properties (so-called descriptors) that 
determine their overall catalytic performance. Structural properties comprise size, shape, defects 
(e.g., edges, corners, faceting, twinning), and chemical composition (e.g., bi-, multi component, 
and alloy nanoparticles; catalytic promoters and poisons) of the nanoparticles and the support.25 
Dynamical aspects include interactions between the nanoparticles, the support, and the adsorbate 
molecules, which can be sensitively pressure- and temperature-dependent.26 Examples are 
electronic interactions/chemical bonding between the nanoparticles and the support (e.g., order,27 
nanoparticle shape 28-30) as well as adsorption, surface diffusion, and reactions of the adsorbates 
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on both the nanoparticles 26,31 and the support 31-35 (e.g., steric effects, coverage changes 26, 
different reactivity of specific adsorption sites,36 spillover of adsorbates onto the support37). 
Because of the inherent complexity of supported catalysts, it is important both to improve 
understanding of the fundamental processes that occur on the atomic/molecular level as well as 
the parameters that most fundamentally control reaction rates and selectivity.38,39 The fact that 
many parameters and their complex interactions are responsible for the reactivity of metal 
nanoparticles stands as one main distinction to biocatalysts, i.e., enzymes, for which the 
dynamics of a single catalytically active site is most commonly involved in mediating rate 
enhancements. 
Efforts in understanding the interplay of structural properties and reaction dynamics are 
led by the use of “model systems”. In particular, two kinds of model systems have been 
intensively investigated: structurally well-defined single crystals 40 and ligand-capped/ supported 
metal catalysts prepared by elaborate means of chemical synthesis.41 Single crystals (mainly 
metals) have been predominantly studied under ultra-high vacuum (UHV) conditions. The 
pioneering work by the groups of G. Ertl 42-44 and G. Somorjai 45-47 has been particularly 
influential in this domain. A notable example is the discovery that some important classes of 
reactions only occur at specific structural sites, such as kinks or step edges.48 Unfortunately, 
translation of findings obtained for well-defined single crystals in UHV to real supported 
catalysts under operating conditions (i.e., in gas atmospheres of variable pressures and 
temperatures) is not always possible. The discrepancies between the structural and environmental 
attributes between real catalysts and the different kinds of model systems also have been referred 
to as “material” or “pressure gap”.49,50 
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Understanding the interplay of complex interactions in catalysis is challenging, in part, 
because of effects arising from the finite sizes of the nanoparticles. Scaling laws apply for many 
structural and dynamic features of finite systems except for dimensions below 1-5 nm.51-53 For 
larger particles, physical or chemical attributes (n) depend monotonically on the number of the 
constituents n:   Ann )()( , where A is a constant and  is a positive exponent.52 For 
smaller particles, these features display a markedly non-monotonic behavior (Figure A.1). The 
latter view of structure/property correlations is supported by a large amount of experimental data 
54-58 and theoretical calculations.59-62 
It has been noted in past work that the kinetic properties of reactions of supported metal 
nanoparticle catalysts are non-equilibrium 63,64 and couple dynamical underpinnings over 
multiple time scales.65 The time scales of the fundamental steps in catalytic reaction mechanisms 
- adsorption, surface diffusion, reactions, and desorption are often shorter than 10-3 s. The time 
scale of adsorbate vibrations is in the order of 10-12 s, those of electronic reconfiguration (e.g., 
electronic excitations, bond breaking) in the order of 10-15 s. These processes, occurring at 
different time scales, obey different physical laws and, perhaps most challenging, require 
different methods to determine the nature of their coupling and effects on specific features of 
reactivity. 
Despite the progress made in understanding the reactivity of catalysts, almost every 
observation is justified ex post facto. These justifications either use or build upon a set of 
common characteristics of the system - the descriptors, vide supra - that describe what properties 
of the catalyst either facilitate or inhibit the reaction. For example, a descriptor commonly used 
for characterization of electrocatalysts and bimetallic alloys is the d-band center.66 It is also 
possible to outline descriptors that have a more direct bearing on the reaction kinetics such as 
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transition state geometries and activation energies. While the dominant factors defining catalytic 
activity and selectivity of a given system can be better understood with the help of catalytic 
descriptors, the goal of a rational catalyst design remains largely an unrealized challenge.67 So, 
although a deep understanding of catalytic systems has been accumulated and reasonable 
predictions of catalyst properties that may favor a given reaction are possible, the ability to 
specifically “tailor” the atomic structure of a catalyst to perform a desired reaction remains 
extremely limited. 
 
A.2.3. Catalyst Characterization 
Due to the inherent complexity the characterization of supported metal catalysts requires 
the use of multiple, complementary experimental techniques to elucidate their nature as it exists 
under operating conditions to give a combined, self-consistent picture. In particular, it has been 
demonstrated in several earlier studies that results obtained under operation conditions can differ 
quite significantly from those evidenced in static pre- or post-reaction measurements.68-70 The 
most frequently used in situ or in operando methodologies are based on scattering or 
spectroscopy, including XRD,71-73 XAS (XANES and EXAFS),72,73 XPS,74 Auger 
spectroscopy,75 Mößbauer spectroscopy,76 magnetic resonance (ESR and NMR),77,78 UV/VIS 
spectroscopy,79,80 vibrational spectroscopy (IR and Raman spectroscopy),80,81 and thermal 
desorption spectroscopy.82 While very powerful, each of these methods typically yields ensemble 
average information, which may provide only incomplete or even incorrect information in terms 
of the underlying structural properties and reaction dynamics. XAS is a particularly widely used 
in situ technique, because it can easily be applied in various kinds of environments, exhibits a 
high temporal resolution (e.g. Quick EXAFS, QEXAFS  83), and establishes comprehensive 
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information about structural and electronic properties.84-87 With local probes, such as (S)TEM, 
AFM, or STM, it also is possible to determine structural features, such as size, shape, and defects 
of individual nanoparticles. In the majority of cases, they cannot easily be applied for studies 
under chemically harsh operating conditions. One interesting exception is the environmental 
STEM, which can routinely be used for in operando studies with atomic resolution in gaseous or 
liquid atmospheres at pressures up to ~1 atm.88-92 
Another approach with considerable promise to improve characterization is the 
combination of experiment and theory into a unified multi-technique analysis scheme, as has 
been well described by Billinge and Levin.93 The recent advances in theoretical modeling of 
catalytic mechanisms,94-96 notwithstanding the extension of computational methods, confront 
significant challenges, most notably, the required computing power (and time) needed to 
accurately model a system of appreciable size at the quantum level. Another, somewhat less 
acknowledged limitation, is that the predictive power of computational methods is still 
improving. Indeed, one of the better-known conundrums that illustrates this aspect is the nature 
of the preferred binding site of CO on Pt(111).97-99 It was not until 2002 that the reason (i.e., the 
poor treatment of the CO electronic structure and bond breaking 100) for the incorrect prediction 
of CO favoring a three-fold binding site instead of a top binding site on Pt(111) was found. So, 
while computational results offer a useful means of interpreting and predicting results, they are 
far from an unambiguous determination of the efficiency of a catalyst. Multi-technique 
characterization is a powerful next step towards better understanding of catalytic reaction 
mechanisms, but its predictions will remain limited if the correlated experiments are not 
performed in ways that can accommodate demanding conditions.101-104 
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A.2.4. Scope of the Review 
Progress in developing methods for understanding how catalysts behave has advanced 
along many avenues. In the following sections the state of the art for some of the most powerful 
catalysis characterization techniques will be highlighted. Specifically, density functional theory 
(DFT) and molecular dynamics (MD) have been recently combined with theoretical calculations 
of X-ray spectra to explain dynamic structure changes in supported metal nanoparticles and the 
complex condition-dependent interactions that occur with the support and adsorbates. Theory is 
well suited to model the effects in the nanoparticle-support interface of heterogeneous catalysts 
in response to the changes in temperature and pressure. Progress in XAS-based methods is 
particularly relevant, as they are the perhaps most-intensively used by the catalysis community, 
due to the capability they provide to monitor reactions with high temporal resolution at relevant 
temperatures and pressures. This will be illustrated using several exemplary cases in which the 
atomic and electronic structures of catalysts evolve with changing environmental conditions. We 
then discuss correlated TEM measurements that illustrate the integration of single-particle, 
atomic-resolution imaging with ensemble-average methods. Finally, future opportunities for 
progress in both experimental and theoretical approach in catalysis research will be explored. 
 
A.3. X-ray Absorption Spectroscopy 
A.3.1. Introduction 
XAS is among the best techniques for comprehensive investigations of finite size effects 
and their influence on the catalytic activity of nanocatalysts. With this method, fine structure in 
the resonance region of the X-ray absorption coefficient (called the absorption edge) is measured 
in either a transmission or fluorescence detection mode (Figure A.2). The edge region (within 30 
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eV below to 40 eV above the edge), known as the X-ray absorption near-edge structure 
(XANES), contains information about the electronic structure and local geometry of the 
absorbing atom and its nearest neighbors. The post-edge region that extends from ~40 eV to 
between 1000 – 1500 eV (depending on the system) past the edge contains an oscillatory signal 
and is known as the extended X-ray absorption fine structure (EXAFS).105 The origin of the fine 
structure is the interference between the incoming and scattered photoelectron waves. The 
interference pattern contains quantitative information about the local atomic environment in the 
proximity of the absorbing atom. The frequency of these oscillations can be quantitatively related 
to the distances between the absorbing atom and atoms within a given coordination shell around 
it. The EXAFS signal therefore contains information about interatomic distances and their 
disorder (due to the static and dynamic displacements of all atoms from their average positions). 
The amplitude of these oscillations correlates with the number of neighboring atoms of a given 
type. 
The oscillatory part of the absorption coefficient - )(k  - contains the sum of all 
contributions )(ki  from groups of neighbor atoms at approximately equal distances from the 
absorbing atoms (i.e., within the ith shell), which are often written as: 106 
 
 (1) 
 
where k is the photoelectron wave number, )(eff kfi and )(ki are the photoelectron scattering-
path amplitude and phase, respectively, 20S  is the passive electron reduction factor, in is the 
degeneracy of the scattering path,
iR is the effective half-path length (which equals the 
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interatomic distance for single scattering paths), 2i  is the mean-square deviation in iR , 
)3(
i is 
the third cumulant of the pair distribution function,107 and )(ki is the photoelectron mean free 
path. The most dominant contribution to the EXAFS signal originates from backscattering of the 
photoelectron by neighboring atoms toward the absorbing atom (“single scattering”). More 
complex scattering patterns involve the electron wave’s reflections by multiple atoms.108 This 
multiple scattering approach is essential in order to accurately calculate the absorption 
coefficient. For example, the contribution from multiple scattering by atoms along an atomic 
row, known as the shadowing or focusing effect, can dominate the backscattering. The amplitude 
reduction factor 20S  describes the intrinsic losses upon excitation, which arise due to the many-
body effects during the photoabsorption process. The scattering amplitudes and phases, along 
with the photoelectron mean free paths for different scattering configurations contributing to the 
EXAFS signal, are calculated ab initio. Among the most widely used software programs for 
these calculations are FEFF (versions 6,106 8,109 and 9 110), EXCURVE,111 and GNXAS.112 
Due to the relatively large penetration depth of hard X-rays (tens of micrometers), many 
reactors are available for in situ and operando studies in gases and liquids, electrochemical or 
fuel cell studies, and even ones for high pressure and temperature conditions.73,113-121 High 
brilliance third-generation synchrotron sources further enable the investigation of low 
concentrations of catalysts and the use of sub-micron X-ray beams for spatially resolved XANES 
and EXAFS measurements. Another important characteristic of synchrotron XAS experiments is 
the extremely short (10-15-10-16 s) lifetime involved in X-ray absorption. For this reason, XANES 
and EXAFS are found in many studies and applications that require a high temporal 
resolution.122 
149 
For an extended description of different aspects of XAS methodology, the interested 
reader is referred to several useful books, book chapters, and review articles.108,123-127 Detailed 
discussion of specialized methods suitable for the characterization of nanoparticle size, shape, 
and atomic structure, based on multiple scattering analysis of EXAFS data, have also been 
recently reported.118,128-132 Also of interest are several recent reviews outlining XAS-based 
applications to structural and catalytic studies of nanomaterials.133-137 
 
A.3.2. Complex Interactions between Catalyst Structure and Dynamics 
The most intriguing feature of nanomaterials is the prospects they engender for 
mesoscopic forms of complexity - where physicochemical properties exhibit important or useful 
pertubations that arise as a consequence of their finite size. Pertubations can be quite pronounced 
and XAS provides an extremely useful method for exploring such phenomena. An example for 
finite size effects of nanoparticles on XANES and EXAFS data is shown in Figure A.3. The edge 
region in the X-ray absorption coefficient (Figure A.3.a) of Pt nanoparticles on -Al2O3 support 
(measured under 2.5% CO/97.5% He flow at room temperature) demonstrates broadening of the 
peak region near the absorption maximum (known as “white line”) relative to bulk Pt. This effect 
is due to both the nanometer size of the particles and the charge exchange between the Pt and 
adsorbed CO. These effects are pronounced in this case due to high portion of surface and 
interface sites occupied by Pt atoms in particles of this size. The data in Figure A.3.b illustrate 
the effect of both the coordination number and the disorder on EXAFS oscillations that are 
dampened as compared to bulk Pt. Figure A.3.c shows the magnitude of the Fourier transform of 
the EXAFS oscillations for the nanoparticles and the bulk data. The peak positions are 
uncorrected for the photoelectron phase shift (Eq. 1) and are thus shifted to lower distances 
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relative to the real space values. The peak positions correlate with the pair distribution function 
peaks that correspond to the 1st, 2nd, 3rd etc. coordination shells, although for higher order shells 
such determination is difficult due to the contribution of multiple scattering paths in the same r-
range as single scattering paths of the same length (Figure A.3.c). 
XAS methods not only possess the required accuracy to detect finite size effects in 
nanomaterials, but can also illuminate the nature of the complex interactions of the components 
and their environment. One illustration of this is seen in a recent study of a Pt catalyst supported 
on both high surface area -Al2O3 and carbon substrates that revealed several aspects of 
anomalous behavior.31,32 For example, -Al2O3-supported Pt particles of 1 nm average diameter 
demonstrated the following attributes: (1) an unexpected negative thermal expansion, revealed in 
the bond length contraction at elevated temperatures (Figure A.4.a), (2) size-dependent changes 
in the static disorder, revealed by the large y-intercept values linearly interpolated for the mean 
square displacement of Pt-Pt distances (Figure A.4.b), and (3) shifting of the onset of the Pt L3 
absorption edge to lower energies with increasing temperature (Figure A.4.c). These findings 
demonstrate that the effects of substrate and adsorbates on the thermodynamic properties of 
metal nanoparticles are as important as the particle size, which has long been believed to be a 
dominant factor responsible for non-bulk-like properties (e.g., decrease of lattice parameters of 
small clusters compared to the bulk,138-140 or size-dependent changes in vibrational dynamics 140-
144). These results 31 show that the effects of the size, support, and atmosphere on the structural 
(Figure A.4), dynamic (Figure A.5), and electronic (Figure A.6) properties are comparable. This 
highlights a need for new experimental and theoretical methodologies that are able to capture the 
details of substrate and adsorbate influences on the thermodynamic properties of the metal 
clusters in addition to details of cluster size, structure, and shape. An important requirement for 
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such methods is that they are suited to measure all of these attributes for catalytic processes in 
situ, while controlling pressure and temperature. 
A recent illustration of this approach is the work by M. Small et al.,26 where the effect of 
gas concentration, pressure, and temperature on adsorbate coverage, structure, shape, and 
electronic state of Pt clusters supported on -Al2O3 were measured. The data in this study show 
that these effects can be modeled as arising from separable components (Figure A.7). For 
example, coordination numbers and bond length disorder were found to strongly correlate with 
adsorbate coverage and temperature. The -Al2O3-supported particles exhibited enhanced static 
disorder (and thus strain) at increased partial pressure (and thus coverage) of CO. An opposite 
trend was seen in a H2 atmosphere. Furthermore, the metal-metal coordination numbers 
increased at high temperature under CO (at all partial pressures), indicating adsorbate-induced 
restructuring.145 These effects are shown schematically in Figure A.8. By independently varying 
the partial pressure of the gas and the system’s temperature, this study revealed how the complex 
structural and electronic properties of this important - and representative - heterogeneous catalyst 
evolve under varying conditions. Specifically, it is found that CO elicits strong structural and 
electronic changes of the Pt nanoparticles, while H2 adsorption mainly acts to relieve significant 
metal-metal bond strains. The XANES data (Figure A.9) indicated a series of contributions that 
were ascribed to particle-adsorbate, particle-support, and adsorbate-support interactions. The 
intertwining of these different contributions could be related to the patterns of condition-
dependent charge exchange, which in turn mediate the catalysts’ atomic and electronic structure 
(Figure A.7): 
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The first term in the right-hand side of Eq. 2 describes the metal-adsorbate interactions 
via the (P,T)-dependent adsorbate coverage, the second term the contribution of the metal-
support interaction, and the last term the adsorbate-support interaction. These data also show that 
charge exchange due to metal-support interactions (affecting the slope of the signals shown in 
Figure A.9) is a dominant factor in the electronic structure changes observed for the working 
catalyst. The nature of this interaction in oxide supported metal clusters is discussed in the theory 
section below. 
 
A.4. Theory Modeling 
A.4.1. Introduction 
The nature of atomic and electronic structure at the nanoscale is of both fundamental and 
technological importance.146,147 This regime is especially relevant to the problem of 
understanding the structure and function of supported nanoscale catalysts. This problem is 
challenging for many reasons. In particular, nanoscale structural properties differ significantly 
from those of condensed matter 148,149 and can be difficult to probe with current experimental 
techniques. X-ray absorption spectroscopy (XAS) has played an important role in elucidating 
such properties, since it is an element-specific probe of atomic-scale short range order. For 
example, XAS probes of supported nanoscale Pt clusters have revealed many unusual properties, 
as described above. Specifically, it has been shown in XAS studies that small Pt5-25 nanoparticles 
supported on γ-Al2O3 are highly disordered, with measured mean square relative displacements 
of the Pt-Pt bonds up to four times larger than those in the bulk metal. In addition, the supported 
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clusters show thermal contraction of the nearest-neighbor Pt-Pt distances with increasing 
temperature (i.e., a negative thermal expansion (NTE)).31,32 
Surface effects are particularly important in understanding their behavior, and have been 
covered extensively in the surface science literature.150 These treatments, however, generally 
assume ground state surface properties. Less appreciated is the observation 151,152 that many 
nanoscale properties are non-equilibrium in character and dynamically varying over multiple 
time scales, as discussed further below. This interpretation has led to a model of supported 
catalysts picturesquely dubbed “Shake-Rattle-and-Roll”,153 which can explain many of these 
anomalous properties. In addition to bond vibrations (i.e., shaking) involving THz frequencies, 
supported nanoscale systems are tethered to surface bonding sites and hence their center of mass 
tends to librate. This induces a stochastic rattle motion, typically at sub-THz frequencies. At 
significantly longer time scales (tens of ps) surface bonds tend to break, and the clusters can roll 
to new positions on the substrate. The combined motion of many such nanosystems eventually 
leads to particle sintering. Figure A.10 illustrates these dynamical regimes for Pt10 nanoparticles 
on γ-Al2O3. 
These temperature-induced structural changes are correlated with changes in the 
electronic structure of the clusters. XANES measurements (Figure A.11) of the L3 edge of Pt 
show a clear red shift of the edge with increasing temperatures, together with an increase in 
white line intensity. Figure A.11 also shows theoretical spectra obtained by sampling of multiple 
conformations from density functional theory/molecular dynamics (DFT/MD) trajectories (vide 
infra).151 The error bars in the theoretical curves depict the standard deviations of the spectra due 
to dynamical disorder. The effect is particularly large at the white line, indicating that exhaustive 
conformational sampling is required to reproduce the experimental results. 
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These remarkable observations provide a motivation to reinvestigate the behavior of 
supported catalysts from a dynamic perspective. Although considerable progress has been made 
to date, this investigation is far from complete. For example, the effects of dynamics on reaction 
rates have yet to be fully explored. Nevertheless, the results so far offer tantalizing new insights 
into nanoscale behavior including possible dynamic mechanisms for catalysis. 
 
A.4.2. Theoretical Models 
Here we briefly review several theoretical approaches for understanding supported Pt 
clusters. There have been many advances in the understanding of nanoscale structures in recent 
years. These advances have been driven partly by theoretical developments in nano- and surface 
science, and partly by the enormous increase in computer power and the efficiency of 
computational methods. For example, DFT and ab initio electronic structure methods have 
enabled semi-quantitative calculations of many physical properties of such nanoscale systems. 
The use of DFT/MD simulations 154 that employ ab initio DFT potentials is crucial, since 
classical model potentials in conventional MD are not sufficiently flexible to capture dynamical 
charge-transfer, bond-breaking, and other non-equilibrium effects. As discussed in the previous 
section, such computer simulations often reveal unexpected insights into both structure and 
reactivity. Moreover, modern DFT methods also enable multi-scale modeling of supported 
nanostructures.155 
Conventional analysis methods are based on a Boltzmann distribution of various ground-
state conformations.156,157 However, such methods can become computationally intractable to 
treat these unusual nanoscale phenomena, especially for very large systems. An attractive 
alternative approach is provided by ab initio finite-temperature DFT/MD calculations.158,154 
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These methods can provide a detailed understanding of the atomistic behavior and dynamics of 
the nanoparticles. For example, simulations for prototypical Pt10 clusters on γ-Al2O3 have shown 
that their dynamical structure, and the interplay between charge transfer and entropic effects 
explain all of the anomalous properties observed by J. Kang et al. 32 in these systems.  
Some previous DFT/MD simulations have been carried out on C-supported nanoclusters; 
however, these systems do not exhibit the structural anomalies like those on γ-Al2O3.159 More 
recently, in related work on Pt-Sn alloys,152 it was recognized that this anomalous disorder is 
largely dynamic in origin and has been characterized as “dynamical structure disorder”. A 
significant fraction of this disorder arises not from normal local vibrations or static aperiodic 
configurations, but from the transient nature of the metallic bonds within the clusters. Thus, the 
structure of the nanoparticles is more characteristic of a quasi-liquid than a solid particle. 
Obviously, surface effects are very important for nanoparticles. By accounting for the 
dynamic disorder arising from librational motion of the center of mass, the DFT/MD simulations 
by F. Vila et al.151 successfully reproduced many of the puzzling behaviors documented in the 
present (and notable past) work, including NTE and corresponding XANES related electronic 
effects detailed above. This study emphasized the interrelatedness of these phenomena, 
providing new and general insights into the dynamics of supported metal nanoparticles. The 
DFT/MD simulations also reveal that the NTE is directly related to the interaction with the 
substrate, since the particles show a marked contraction parallel to the support while they expand 
normal to it. This structural behavior, as dictated by metal-supported charge-transfer, results 
within the theoretical model in a net and progressive NTE of the average Pt-Pt bond distances. 
This contraction is particularly noticeable at those Pt atoms that are not in contact with the 
oxygen atoms of the support, and thus preserve their metallic character. Opposite to the oxidized 
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Pt atoms, which exhibit a positive net charge, the metallic Pt atoms are nearly neutral and thus 
much more able to accommodate a bond contraction with less Coulomb repulsion. Given that 
they are not tethered to the surface, the metallic Pt atoms are responsible for the majority of the 
anomalous disorder. Both this distinct dynamical behavior and differential charging can have 
implications for the catalytic properties of the nanoparticles. These implications are discussed in 
more detail in the following sections. 
Formally speaking, calculations of catalytic properties such as transition rates depend on 
free energies from equilibrated trajectories or statistical ensembles that contain all accessible 
regions of configurational space. In practice, however, calculations of sufficiently complete 
ensembles can be impractical, especially for “rough” energy landscapes. Thus the paradigm of 
theoretical modeling based on a Boltzmann distribution of ground state structures can become 
computationally formidable, as the number of accessible configurations becomes exponentially 
difficult to enumerate for large nanoscale systems. Moreover, techniques for characterizing 
structure based on ground state DFT and static structures are incomplete, since they typically 
ignore effects of vibrations and non-equilibrium dynamic structure in condensed matter. 
For these reasons finite-temperature dynamic approaches have become increasingly used 
in recent years.160,161 The description of dynamic trajectories within DFT makes it possible to go 
beyond the static description of structure and reactivity, and also to incorporate fluxional (i.e., 
with dynamically fluctuating bonds) behavior and thermal effects. Quasi-dynamical approaches 
have also been introduced to deal with long-time behavior and rare-event sampling. 162-165 
Practical estimates of reaction rates at surfaces can now be carried out with transition 
state theory and its generalizations, as discussed for example by H. Jónsson.166 Reaction paths 
obtained with the nudged elastic band method are frequently used to estimate reaction rates in 
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the transition state method for surface reactions. The method can also be employed for long time-
scale evolution of structure, analogous to the Wigner, Keck, and Eyring two-step procedure, 
where long-time classical trajectories are replaced by trajectories using extensions of the nudged 
elastic band 167,168 with shifted end-points. It is not yet evident, however, whether such surface 
science approaches can also be applied to highly disordered nanoparticles at high temperatures. 
 
A.4.3. Nanoscale Fluctuations  
In an effort to circumvent some of the above difficulties, Rehr and Vila (RV) have 
proposed a method based on a combination of statistical mechanics and DFT/MD simulations.153 
As noted above, the DFT/MD approach provides a treatment of non-equilibrium properties at 
high temperatures, since it builds in anharmonic and structural disorder. Like statistical-
mechanical methods, such methods can also be directly compared to experiment, since 
observable physical properties are typically expressed by averages over a statistical ensemble. 
Such averages are of course equivalent to time averages over sufficiently long intervals that 
cover the accessible phase space. 
As emphasized by RV, the thermal properties of nanostructures with relatively small 
numbers of particles N of the order of 10 to 100 differ substantially from those in macroscopic 
systems. For example, the mean energy of the clusters at a given temperature is not sharply 
defined, but exhibits large energy fluctuations of the order NkT 𝑘𝑇 √𝑁 .169 The classical 
statistical arguments can be summarized as follows: Consider, for example, a nanoparticle with 
N atoms in contact with a support at a fixed temperature T. For simplicity of argument, the 
cluster volume will be regarded as fixed and the pressure dependence ignored, but this is not 
essential, and generalizations are discussed in 153. Due to contact with the support, which is in 
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continuous thermal motion, energy will fluctuate between the cluster and the support with a 
probability distribution: 
EkESe   /)()P(E;   (3)𝑃(𝐸; 𝛽) ≈  𝑒𝑆(𝐸) 𝑘⁄ −𝛽𝐸,  (3) 
 
Here E is the total energy of the cluster and )(ln)( EkES  𝑆(𝐸) = 𝑘 ln Ω (E) is the 
cluster entropy due to distinguishable configurations Ω(E). At the equilibrium point P(E;β) is a 
maximum as a function of energy E, )exp()( FEP  𝑃(𝐸) = exp (−𝛽𝐹), where F(T) =E−TS 
is the Helmholtz free energy. The mean total cluster energy Ē is then related to the temperature 
of the support by the relation dE = TdS such that ∂S/∂E = 1/T. Remarkably, however, 
nanoparticles are always in non-equilibrium states. While P(E) is sharply peaked, it has a finite 
width. Near the maximum, P(E) exhibits an approximately Gaussian-shape, and the mean 
squared fluctuations in the energy are related to the 2nd derivative of the entropy, 
]/)(/[ 222 EESkE  𝜎𝐸
2 =  𝑘 [𝜕2𝑆(𝐸) 𝜕𝐸2⁄ ]⁄ . These fluctuations are clearly of the order of N, 
since both the energy E and the entropy S are extensive. 
As shown by RV, a more quantitative treatment of the vibrational contributions can be 
obtained using a coupled oscillator model that takes the center of mass motion into account. The 
dominant modes include both the bond vibrations and slow librational modes. At high 
temperatures relative to characteristic vibration energies (where kT > ħω) the free energy is given 
by: 170 
)ln()( 3)( 0   dkTETF ,  (4) 
with the electronic energy E0, the total density of vibrational modes ρ(ω), and the approximation 
  )2/sinh( . Using the relation Ē=∂βF/∂β, it can be shown that the equipartition 
theorem holds with Ē=3NkT. In particular, the contributions from the librational modes of the 
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CM in the x−y plane with the kinetic energy kTMVlib 
2)2/1( (1 2)⁄ 𝑀𝑉𝑙𝑖𝑏
2 = 𝑘𝑇, again from the 
equipartition theory, give rise to a stochastic librational CM motion. This rattle-motion is the 
analog of Brownian motion that is hindered by the strong substrate bonds. Similarly, one finds 
that the cluster entropy is logarithmic in energy, ENkES ln3)(  𝑆(𝐸) = 3𝑁𝑘 ln ?̅?. The energy 
fluctuations are thus given by NkTE 3 𝜎𝐸 ∝ 𝑘𝑇 √3𝑁 . As an example, the mean total 
energy distribution probed by the nanoparticles is distributed within a few tenths of an eV of the 
mean 3NkT for clusters of 10−20 atoms. The above statistical analysis also suggests that finite 
temperature DFT/MD approaches can be more efficient than a micro-canonical ensemble for 
sampling an adequate statistical ensemble to calculate the physical properties of nanoparticles, 
especially since DFT/MD naturally samples the accessible configuration space in a relatively 
short time characterized by the slowest oscillator periods. 
 
A.4.4. Implications for Catalysis  
The above summary for supported Pt nanoclusters 151,152 suggests that a DFT/MD 
approach that accounts for their fluctuating non-equilibrium bonding and electronic structure 
may provide an important prerequisite to a better understanding of their catalytic activity. In 
particular, the substantial non-equilibrium dynamics and internal fluctuations lead to a larger 
statistical ensemble of configurations than would be probed at fixed cluster energy.171, 172 
Therefore, the dynamical methods make it possible to simulate the statistical ensemble of 
possible reaction sites. Surface effects are also important and differ from those of the internal 
structure. Thus, it has been suggested 152 that the surface structure and dynamics can be more 
important than the global average morphology of clusters. Since experimental probes generally 
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measure global averages, it is important in the analysis to differentiate between surface and 
internal structure. 
The importance of heterogeneous and dynamical structure for catalytic behavior has also 
been proposed to understand enzyme catalysts in biochemistry. For example, protein dynamic 
motion has been employed by V. Schramm et al. 173 to account for catalysis, without requiring 
the tight-binding transition state model of Pauling. In their model, the catalytic activity of a 
metalloprotein has been attributed to the combination of fast dynamics of the active site and slow 
dynamics of the protein backbone. Together, the enzyme can explore a larger portion of phase 
space than if it were only due to the active site dynamics. These structural effects can also play a 
role in heterogeneous catalysis. For example, the highly flexible local environment around the 
reaction substrate has a fairly broad vibrational spectrum. Thus, it has the potential to couple 
with the reaction mode, rapidly adapt to distortions, and broaden bottlenecks in the reaction 
channels. In spite of this conformational flexibility, the electronic structure of enzymatic active 
sites is usually well defined even in enzymes with metallic centers.174 In supported Pt and Pt 
alloy nanoparticles, however, simulations have shown that the local electronic structure of the 
binding sites is highly heterogeneous. For instance, the oxidation state of a Pt atom varies 
significantly depending on its local environment.151 Thus, the dynamical disorder in these 
systems effectively induces a myriad of possible active sites. In typical reactions such as CO 
dissociation, the reaction is initiated by a weakening of the CO bond induced by the adsorption 
on a Pt atom.175 This weakening is coupled to the oxidation state of the Pt atom and thus is 
expected to be strongly affected by dynamical effects. 
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A.5. Electron Microscopy   
A.5.1. Introduction  
Most spectroscopic and scattering methods suffer from ensemble averaging effects that 
serve to limit the interpretation of the results.176,177 It is for this reason that in addition to the 
quantitative measurements of structure and dynamics of an “average” particle in the ensemble 
afforded by bulk techniques such as XAS, a local probe is required, capable of measuring the 
distribution of catalyst particle sizes, shapes, order (e.g., strain, faceting, twinning, dislocations, 
or other defects), and elemental composition. Transmission electron microscopy (TEM) and 
scanning transmission electron microscopy (STEM) are extremely well-suited for this 
purpose.178,179 This information is accessible by X-ray spectroscopy only indirectly - via 
sophisticated modeling - and it is easy to overlook such details or misinterpret them. For 
example, surface disorder in nanoclusters can be mistaken for a reduction in size.180 A broad 
intra-particle compositional distribution can also lead to an incorrect assignment of the 
compositional motif as “core-shell” even though each nanoparticle may be a perfectly random 
alloy.177 Hence, in addition to the average information provided by XAS and other bulk probes, a 
local structural probe that provides statistical analysis of sizes, degrees of order, crystalline 
structure, and morphologies is vitally important. The greatest impacts, though, come when such 
information needs to be explicitly correlated with the average measurements that, in the case of 
supported metal catalysts, are more and more often done as in situ or operando measurements. In 
this section we will review the recent developments which are credited for providing significant 
improvements of the spatial and spectral resolution of electron microscopy characterization of 
catalysts. 
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The development of aberration correction has dramatically improved the spatial 
resolution of the electron microscope (Figure A.12) even when using lower accelerating 
voltages.181 This is particularly advantageous, since a lower accelerating voltage generally leads 
to less sample damage from the electron beam. Researchers have begun exploiting the 
capabilities of aberration corrected electron microscopes for the characterization of nanocrystal 
morphologies. These measurements provide explicit depictions of the atomic structural attributes 
of heterogeneous catalytic materials. 
 
A.5.2. Scanning Transmission Electron Microscopy 
The conventional use of high angle annular dark field (HAADF)-STEM allows to probe 
the microstructures of catalytic materials with a resolution of a few ångströms.178 This method 
works by focusing the electron beam to a small point and rastering it across the area of interest. 
Instead of measuring interference effects created when electrons transit the sample, HAADF-
STEM relies on the detection of electrons scattered at high angles relative to the transmitted 
beam (Rutherford scattering) using an annular detector.179,182 The image contrast remains 
strongly dependent on Z,183 which provides the foundation for so-called “Z-contrast” imaging - a 
technique that allows high-contrast imaging of high-Z elements (such as the metal in a 
heterogeneous catalyst) against the background of a low-Z material (such as a support).184 The 
addition of Cs-correctors and monochromators to dedicated STEM instruments permits atomic 
level Z-contrast imaging coupled with regionally selective spectroscopy. When viewing 
structures even a few nanometers in dimension with Cs-STEM, it is possible to distinguish 
individual atoms, columns and/or regions containing elemental enrichment.  
163 
One exemplary work that expanded upon the aforementioned capabilities of Cs-STEM for 
the characterization of bimetallic catalysts is the work by S. Sanchez et al..185 In their work, a 
series of controlled, monometallic and bimetallic structures were synthesized using controlled 
methodologies and characterized using Cs-STEM: Pt-Pd core-shell (Figure A.13.a), Pd-Pt core-
shell (Figure A.13.b), and Pt-Pd alloy clusters (Figure A.13.c). In addition to direct inspection of 
the images and using line scan intensities, the authors used Fourier transforms of the 
micrographs (Figure A.13.d,e,f), STEM simulations, a novel atom counting technique, and 
energy dispersive X-ray spectroscopy (EDS) to interpret the observed structures. Use of an 
image’s Fourier transform (power spectrum) is advantageous, because it is in essence a 
diffraction pattern of the 2D projection of the system being analyzed. 
 
A.5.3. In-situ Electron Microscopy  
Aberration-corrected transmission electron microscopy is a remarkably powerful tool to 
determine internal structure and chemical composition at the atomic scale. As recent 
developments of the XAS technique demonstrate, the rapidly advancing state of the art in 
studying catalytic processes experimentally is highlighting the use of in situ or operando 
methods. X-ray absorption and scattering (e.g., high energy XRD pair distribution function 
186,187) techniques gain fundamental understanding of the structure-catalytic properties of the 
supported nanoparticles by characterizing them under the appropriate environmental conditions. 
In situ and operando results are frequently quite different from static, pre- or post-reaction 
observations because they provide valuable information and are therefore much more appropriate 
for studies of mechanisms of catalytic reactions.81,134,188-191 As discussed above, theoretical 
developments are also progressing towards in operando modeling. One way to study working 
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catalysts by the “environmental” TEM (ETEM) is by using observations of the sample during 
exposure to an external stimulus such as gas or liquid environments, nano-indentation, tensile 
strain, temperature, radiation, or electric or magnetic fields.88,192-245 Recent development revealed 
ETEM as an exciting tool, capable of providing unique information on the structual 
properties/dynamic processes relationships of nanomaterials. Of particular interest are the 
structural changes occurring under “real” environmental conditions observable by ETEM. The 
ETEM allows dynamic studies and development of a fundamental, atomic-level understanding of 
chemical reactions such as catalysis,197-199,205,206,208,232 oxidation,203,214-222,224,227,230 and nano-
processing.194,196,204,205,209-213,227-229,240 
At the heart of the ETEM’s capabilities is its ability of high-resolution imaging with gas 
pressures in the sample chamber as high as 1 atmosphere or even in liquid environments.246 In 
contrast, conventional TEMs require high-vacuum conditions with pressure levels on the order of 
10-6 Torr. Two methods currently exist to transform a TEM into an ETEM. The first is to use 
differential pumping so that a gas may be introduced into the specimen region while maintaining 
high vacuum conditions near the electron gun, with gas pressures reaching levels of the order of 
10 Torr. This approach has the advantage that the full resolution and analytical capabilities of the 
instrument can be maintained, if gas pressures do not exceed ~1 Torr.247 The second method is to 
use specialized TEM sample holders possessing ultra-thin, electron transparent membranes to 
contain the gas and/or the liquid.248,249 This approach allows measurements at super-atmospheric 
pressures, but at the cost of resolution and analytic functionality. The two approaches are in fact 
quite complementary, in that it is possible to combine both to determine functionality at 
atmospheric pressure and to confirm that lower pressure/higher resolution measurements 
maintain their validity. 
165 
 In situ high resolution TEM (HRTEM) is ideal for characterizing the morphology, 
crystallinity, and defect structure of individual nanoparticles and their changes under 
environmental conditions. This information is frequently combined with electron diffraction.250 
Statistical information about these characteristics can be provided as well. An elegant example of 
observing morphological changes in situ was given by P. Hansen et al., where surface faceting 
was observed by HRTEM of a Cu nanoparticle supported on ZnO during various gas exposures 
at 220 ºC.195 The image shown in Figure A.14.a was taken under H2 (1.5 mbar). In comparison, 
Figure A.14.b was obtained during exposure to a gas mixture of H2 and H2O (3:1, 1.5 mbar total 
pressure). Finally, Figure A.14.c shows the same cluster after exposure to a gas mixture of H2 
and CO (95%:5%, 5 mbar total pressure). The corresponding Wulff constructions for each 
structure are shown in Figs. 14d,e,f.195 This seminal work demonstrated that 
nanocharacterization under environmental conditions is necessary to gain insights into structure-
catalytic property relationships because the morphology of the nanoparticle is quite sensitive to 
its environment. The specifics of this work also exemplify the type of information obtainable by 
in situ HRTEM including: (1) the relative orientation between the nanoparticle and the support 
(P. Hansen et al. deduced a weak interfacial bond) and (2) Wulff reconstruction of the 3D shape 
(and the corresponding facets), which may provide critical information on the surface and 
interface energies under different gas atmospheres.251 
Recently, H. Yoshida et al. reported imaging of the surface reconstruction of Au clusters 
due to CO exposure using aberration corrected ETEM.91 They investigated Au/CeO2 catalysts 
that are of interest because of their high activity for CO oxidation at room temperature. During 
exposure to CO they observed changes to the Au(100) facets (Figure A.15) and using image 
simulations, they determined that the CO was adsorbed on the top sites of the reconstructed Au 
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surface. This work demonstrates the remarkable ability of ETEM to detect structural features due 
to both the catalyst and the adsorbate bonding under environmental conditions at an atomic 
level.91  
A more recent idea in ETEM is to use electron energy loss spectroscopy (EELS) to 
analyze not the particles within the system, but the products being formed in a catalytic reaction. 
In the work by P. Crozier et al., EELS was combined with a differentially pumped ETEM under 
~1-3 Torr of gas.252 They showed that standard EELS analysis is not adequate because inelastic 
scattering along the entire gas path length (particularly when this distance approaches the size of 
the pole-piece gap) leads to substantially different scattering than from a thin film. Nonetheless, 
it is possible to reduce the error of quantitative detection of inelastic scattering by using small 
convergence and collection semi-angles when acquiring the spectra. This makes it possible to 
identify the concentration of different species in the gas with an accuracy better than 15% and 
creates the possibility of monitoring mass transport during catalytic reactions. 
ETEM has provided a wealth of critical information on morphology changes, elemental 
distributions, and valence states under environmental conditions. There remain limitations given 
that current commercially available ETEMs based on differential pumping have maximum 
pressures in the range of some 10-2 Torr. Yet catalytic operating environments may be well over 
1 atm. To achieve the higher pressures required for operando studies, several companies are 
developing ETEM holders that permit heating and gas pressures up to 1 atm.253-255 A major 
engineering challenge for environmental holders is their stability, i.e., the image must remain 
stable for HRTEM or elemental acquisition, while being heated (thermal drift) or exposed to gas 
flow. Recent results from Hummingbird Scientific (among others) have demonstrated imaging 
capabilities at 1.1 atm (Figure A.16). It should also be noted that liquid cell TEM sample holders 
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are already commercially available. Liquid cell sample cells have been used recently to examine 
nanoparticle growth and self-assembly.256 It should also be noted that specialized TEM holders 
capable for photo-excitation (useful for photocatalysis studies) are also currently being 
developed.257 
 
A.5.4. Potential and Limitations   
Electron microscopy is a local characterization technique that uses electrons to probe a 
sample. The two primary limitations of electron microscopy are the effects of beam damage and 
the amount of data that is needed to be representative of a more complex heterogeneous sample. 
Concerning radiation effects, the sample damage could be due to knock-on or ionization 
mechanisms. P. Specht et al. using an aberration-corrected TEM with tuneable accelerating 
voltage between 80 and 300 keV showed that the structure of the nanoparticles changes 
depending on the accelerating voltage, with higher voltages leading to more faceted 
nanoparticles.258 This phenomenon may be due to the energy of the electrons allowing the atoms 
to become more mobile, i.e., to move to more energetically favorable (faceted) sites. An 
additional adverse effect is the possibility to misinterpret the measurement when the sample may 
indeed change, e.g., upon a chemical reaction or changes in temperature or pressure. These 
effects are the main objective of ETEM investigations of catalytic reaction mechanisms, and, 
therefore, special care is needed to minimize the artifacts arising from radiation damage.  
One direction to follow towards this goal is to combine the results of electron microscopy 
with those obtained by average methods, notably XAS. The data of such experiments 
complement each other’s sensitivities to different aspects of atomic structural and electronic 
attributes and thus in conjoined form provide a more complete assessment of the materials’ 
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features. For example, although XAS is a remarkable nanocharacterization tool with 
characteristics in some critical regards superior to TEM, notably in term of average spatial 
resolution, spectral resolution, and capability of detecting adsorbates (e.g., XAS is capable of 
determining bond distances to 0.001 Å and can identify metal-adsorbate bonding), it is an 
ensemble tool and structural refinement most often relies on the assumption of monodispersity. 
This assumption needs to be verified using a more localized technique like (S)TEM. One 
obvious advantage of the XAS-(S)TEM synergy is that it offers an opportunity to better 
understand heterogeneous systems that may contain particles of different sizes, compositions, 
and chemical states of the same catalyst.129,137,259 Another advantage is that they provide more 
complete information about the structure and morphology than the individual techniques.118,128-
130,132,260,261 The combination of a local probe, such as TEM, with an ensemble averaging 
technique, such as XAS, has proven to be exceptionally powerful in revealing how structural 
defects, strain, adsorbates and temperature alter catalysts.262 
 
A.6. Future Directions 
This review describes the advances in three main techniques that successfully probe 
complex structure and dynamics of the nanocatalysts: two experimental (XAS and (S)TEM) and 
one based on theoretical simulations. One of the major goals for the catalysis community is to be 
able to look at the exact same catalytic material with multiple advanced techniques in order to 
unravel the complex structure-property relationships. Experimental methodology used in 
catalytic experiments underwent a paradigm shift in the 1980s, dating back to the work of B. 
Clausen et al.,263 who first proposed to combine X-ray absorption spectroscopy and X-ray 
diffraction measurements of a working catalyst in real time. Combining several complementary 
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techniques in a single experiment allows to capture mutual influences of catalyst attributes on 
each other as well as on the cluster properties, including its catalytic activity, whereas separate 
measurements of different effects done at different facilities and with different samples will 
overlook such correlations.101 Several authors have further enhanced the combined 
measurements by adding complementary electronic and vibrational spectroscopy techniques, 
including ultraviolet-visible (UV/VIS), infrared (IR), and Raman spectroscopy, to the well-
established XAS-XRD combination.264,72,103,265-268 Weckhuysen et al. have combined small and 
wide angle scattering (SAXS and WAXS) techniques with quick-scanning EXAFS (QEXAFS) 
to study processes in situ.265,269 M. Newton et al. and later other groups, have begun to explore 
the analytical power of the combinations of diffuse reflectance infrared Fourier transform 
spectroscopy (DRIFTS) with time-resolved XAS,270-273 and time-resolved XRD.274 Newton and 
Chupas have advanced the XRD pair distribution function methods for in situ and operando 
catalysis studies.187,186 More details about some of these advances can be found in recent 
reviews.101,275  
Although the idea to measure TEM and EXAFS data in operando under identical 
pressure and temperature conditions on the same sample may sound utopian without installing an 
environmental TEM at the endstation of a synchrotron beamline (a remote possibility, although 
discussions toward that goal have recently begun), we will propose a much more practical path 
toward implementing this plan. Current efforts are most universally aimed at combining different 
techniques in a single experiment in situ or in operando. This approach is naturally limited by a 
relatively small number of probes that can be combined in the same experiment. The paradigm 
shift we propose is to investigate catalytic systems in operando by multiple techniques 
performed in a truly portable operando cell that is made compatible with most relevant probes. 
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As an illustration of this approach, we mention here a work by de Groot et al., who carried out an 
in situ scanning transmission X-ray microscopy study of a Fischer-Tropsch catalyst in an 
enclosed cell with SiN windows.276 One particular aspect of this work that is appealing to our 
approach is that the nanoreactor used by de Groot et al. was adapted from the cell originally used 
for high-resolution electron microscopy, and thus remained compatible for application with both 
X-ray and electron probes. 
 The benefit of a portable environmental cell is that the exact same samples and 
environments can be characterized by a large number of complementary methods. This approach 
will remove ambiguities introduced by examining different specimens and/or using different 
gasses, very limited sample materials can be preserved, and the specimen is protected from the 
air environment during transfer from one characterization tool to another. The portable cell 
allows for multiple complementary and necessary tools to characterize catalysts in operando 
conditions. 
To summarize this possible approach, the properties of single and “ensemble-average” 
particles will be analyzed by in situ EXAFS. Representative clusters from the distribution 
(Figure A.17) will be modeled by theory, and their thermodynamic characteristics will be 
averaged with experimentally measured frequency distributions. These time- and configuration-
averaged quantities will be directly compared with the results of in situ EXAFS obtained for the 
same in operando conditions. This comparison will allow one to validate, and improve the 
theory. In the end, these calculations will allow to both explain and predict the properties of real 
catalytic systems and account for many of the heterogeneities they embed.  
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A.8. Figures 
 
Figure A.1. The cluster size dependence of a cluster property (n) on the number n of cluster 
constituents. The data are plotted vs. n-, where  ≥ 0 is a system-specific parameter.52 
Copyright 2002 IUPAC. 
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Figure A.2. X-ray absorption spectroscopy setup at beamline X18A at the National Synchrotron 
Light Source (Brookhaven National Laboratory). 
174 
 
Figure A.3. Raw EXAFS data for Pt nanoparticles supported on high surface area -Al2O3 
substrate and bulk Pt (a) in energy, (b) in k-space, (c) and in r-space. The inset in (c) shows a 
model of a truncated cuboctahedral cluster and different groups of atomic arrangements that 
contribute to different peaks in r-space. 
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Figure A.4. Effects of the average particle size on the Pt-Pt bond length (a), mean square 
disorder (b) and near-edge region (c) for -Al2O3-supported Pt nanoparticles under He flow. 
Adapted with permission from Ref31 Copyright 2009 American Chemical Society. 
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Figure A.5. Effects of the atmosphere (H2, He or O2) on the Pt-Pt bond length (a), mean square 
disorder (b) and near edge region (c) for -Al2O3-supported Pt nanoparticles with an average size 
of 0.9 nm. Adapted with permission from Ref31 Copyright 2009 American Chemical Society. 
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Figure A.6. Effects of the support (-Al2O3 or C) on the Pt-Pt bond length (a), mean square 
disorder (b) and near-edge region (c) for -Al2O3-supported Pt nanoparticles of similar average 
sizes (0.9 and 1.0 nm) and under He flow. Adapted with permission from Ref.31 Copyright 2009 
American Chemical Society. 
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Figure A.7. Effects of adsorbate-metal, support-metal, and adsorbate-support interactions on the 
charge state of supported metal nanoparticle.26 Copyright 2011 American Chemical Society. 
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Figure A.8. Schematics of the effects of metal-adsorbate interactions on the shape of supported 
metal particles (see Ref26 for details). 
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Figure A.9. Effects of the adsorbate partial pressure on the integrated area (“Signal”) under the 
XANES data (obtained by subtracting the 673 K data from that of the actual temperatures). The 
signal shows a strong dependence on pressure and temperature, in qualitative agreement with 
theoretical expectations (Eq. 2).26 Copyright 2011 American Chemical Society. 
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Figure A.10. Trajectories of the center of mass (full lines) and cluster footprint (fuzzy shading) 
projected onto the support, at 165 K (left, blue) and 573 K (right, red) for Pt10 nanoparticles on 
γ-Al2O3. The red and blue circles indicate the positions of the O and Al atoms, respectively, 
with full circles corresponding to atoms in the top support layer and shaded ones to the second 
layer. The trajectories show the 1-2 Å amplitude “rattle” motion of the clusters as well as long 
“roll” events, especially at higher temperature. The intensity of the footprint indicates that the 
clusters have a tendency to remain in certain areas of the support, and that at higher temperature 
the area of contact is notably larger. 
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Figure A.11. Experimental and theoretical Pt L3 edge XANES of Pt nanoparticles on γ-Al2O3 at 
165 and 573 K. The error bars of the theoretical results indicate the standard deviations of the 
spectra due to the dynamical disorder of the nanoparticles. Adapted from Ref151 Copyright 2008 
American Physical Society. 
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Figure A.12. Development of the spatial resolution of optical and electron microscopes. The 
current rapid improvement in resolution is due to the development of aberration correctors for 
the electro-magnetic lenses, with the current best point-to-point spatial resolution of 0.5 Å.181 
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Figure A.13. Cs-corrected HAADF STEM images of Pd-Pt nanoparticles. Image of (a) a 
Pt(core)-Pd(shell), (b) a Pd(core)-Pt(shell), and (c) a correduced Pt/Pd nanoparticle with labeled 
crystal facets and the areal integrated intensity measurement made within the boxed region. 
Corresponding power spectrum data and integrated intensity profile measurement shown as the 
inset in (d-f). Adapted with permission from Ref.185 Copyright 2009 American Chemical Society. 
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Figure A.14. Surface faceting of a Cu nanoparticle supported on ZnO in various gas 
environments ((a,d) pure H2, (b,e) a mixture of H2:H2O = 3:1, and (c,f) a mixture of 95% H2 and 
5% CO), where (a, b, and c) are in situ HREM images and (d, e, and f) are the corresponding 
Wulff constructions. The data were measured under a total pressure of 1.5 mbar (a,b,d,e) or 5 
mbar (c,f), respectively, and a temperature of 220°C. Adapted with permission from AAAS.195 
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Figure A.15. Au nanoparticles supported on CeO2 in (a) vacuum and (b) 1 volume% CO in air at 
45 Pa and room temperature. Two (100) facets are indicated by I and II in (a). The enlarged 
images of these regions in vacuum and in the CO/air mixture are shown at the bottom of (a) and 
(b), respectively, revealing changes in the distance between the first and the second (100) surface 
layers as well as the (200) planes in crystalline bulk gold. These changes in positions of the Au 
atomic columns correspond well to those of the Au (100) reconstructed surface structure. 
Reproduced with permission from AAAS.91 
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Figure A.16. Au nanoparticles in N2 (1.1 atm), showing atomic scale resolution in the bottom 
image (as illustrated by the FFT showing 2.04 Å lattice spacing for Au). Bright field TEM 
images taken on an FEI Titan at 300kV using an in situ TEM gas flow specimen holder by 
Hummingbird Scientific. 
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Figure A.17. A typical size distribution histogram obtained by TEM for model systems of 
supported metal clusters. The distribution symbolizes a collection of different structural motifs in 
real catalytic systems. Shown are cartoons of ordered and disordered clusters that will be 
observed in each size range. Note the expected transition zone between 1 and 1.5 nm: the ordered 
(O) and disordered (D) clusters are known to coexist in this range. The chart on the right shows 
our proposed new investigation method of heterogeneous catalysts: Distributions of particle sizes 
and compositions will be obtained by in situ TEM. Theoretical thermodynamic properties will be 
calculated for each type of cluster in the distribution and averaged with the experimentally 
measured distribution. XAS studies of the average pressure and temperatures under which the 
catalyst operates will be used to validate the theoretical calculations. 
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PRELIMINARY RESULTS AND FUTURE DIRECTIONS OF EXAFS AND 
MICROCANTILEVER STUDIES PERTAINING TO THE BEHAVIOR OF PLATINUM, 
PALLADIUM, AND RHODIUM DURING THE OXYGEN REDUCTION REACTION 
 
 
This section represents unpublished work performed largely by myself, David Wetzel, Dr. Ulrich 
Jung and Dr. Annika Elsen, under the advisement of Anatoly Frenkel, Ralph Nuzzo, and Andrew 
Gewirth. A considerable amount of the work presented here is a result of contributions by Dr. 
Jung and Dr. Elsen. This work was primarily based on funding provided by the U.S. DOE (Grant 
DE-FG02-05ER46260). Anatoly I. Frenkel and Ralph G. Nuzzo acknowledge support by the U.S. 
DOE (Grant DE-FG02-03ER15476). Beamline X18B at the NSLS is supported in part by the 
Synchrotron Catalysis Consortium (U.S. DOE Grant DE-FG02-05ER15688). 
 
 
B.1. Introduction 
In an effort to expand on the work discussed in Chapter 4, this appendix will catalog the 
current effort of investigating Pt, Pd, and Rh electrocatalysts for the Oxygen Reduction Reaction 
(ORR). Pt electrocatalysts of particle and thin film form factors were examined in situ using X-
ray absorption spectroscopy (XAS) and thin film cantilever stress measurements in Chapter 4. 
While some illumination of the dynamicism of Pt surface bonding was shown, it would be 
helpful to be able to compare the observed effects in Pt to other electrocatalysts. To that end, Pd 
and Rh nanoparticle catalysts were investigated at the XAS Beamline at Brookhaven National 
Lab in a newly designed flow cell configuration. Pt was also examined in order to have an 
internal reference. In the following sections, experimental methods, flow cell schematics, and 
preliminary results are described. Future work will require careful and systematic evaluation of 
these catalysts in the cantilever stress measurement in a manner in which consistent and 
comparable data can be achieved. 
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B.2. Experimental 
B.2.1. XAS Sample Preparation 
The materials used for the XAS measurements conducted at Brookhaven National Lab 
(BNL) were prepared in house at the University of Illinois. Postdocs Dr. Annika Elsen and Dr. 
Ulrich Jung. As discussed in Chapter 4, the nanoparticles required for these XAS experiments 
must be exceedingly small with a narrow size distribution in order to maximize the surface atom 
contributions to the XAS signal.  
The Rh, Pd, and Pt nanoparticle catalysts were prepared by wet impregnation onto carbon 
support and subsequent reduction in hydrogen. For preparation of the Rh/C catalyst 30.5 mg 
RhCl3 and the Pd/C catalyst 25.0 mg PdCl2 (Alfa, 99.999 %) were solved in a mixture of 6.75 ml 
H2O (MilliQ) and 0.75 ml HCl. For the Pt/C catalyst 22.9 mg (NH3)4Pt(OH)2 (Alfa) were solved 
in 7.5 ml H2O. 750 mg carbon (Vulcan XC72, Cabot) was added to these solutions, i.e., the 
nominal weight loading was 2 % for all catalysts. The suspensions were dried at 50-60 °C under 
stirring. The catalysts were then heated in a tube furnace at a rate of 10 K min-1 to 250 °C for 
Rh/C and Pd/C and to 300 °C for Pt/C in Ar flow. They were reduced in 5 % H2 in N2 at this 
temperature for 60 to 120 min and then slowly cooled down. Finally, the samples were purged in 
Ar. 
To determine the size distributions of the supported catalyst particles, high-angle annular 
dark-field scanning transmission electron microscopy (HAADF-STEM) measurements were 
carried out using a JEOL 2010F EF-FEG STEM (JEOL, Ltd.). A JEOL 2010F EF-FEG STEM 
(JEOL, Ltd.) was operated at an acceleration voltage of 200 kV and exhibited a spherical 
aberration of Cs = 1.0 mm, a chromatic aberration of Cc = 1.4 mm, and a resolution of ∆r = 0.18 
nm. The STEM samples were prepared by dropping suspensions of the supported nanoparticles 
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in acetone onto lacey carbon-coated Cu grids (Ted Pella, Inc.). The catalyst particle size 
distributions were determined as described in a previous publication.1  
 
B.2.2. XAS Experiments 
The XAS experiments were performed at the beamline X18B at the National Synchrotron 
Light Source at the Brookhaven National Laboratory. For Rh/C and Pd/C the measurements were 
performed at the K-edge and for Pt/C at the L3-edge. The XAS measurements were performed 
using a home-made electrochemical cell within an external compartment, allowing continuous 
gas and electrolyte flow. The storage ring was operated at an energy of 2.8 GeV and a current 
ranging between 300 and 175 mA. The synchrotron radiation was monochromatized by a 
channel-cut Si(111) monochromator. The X-ray beam size was defined vertically by a 0.2 mm 
aperture for the Rh and Pd K-edge and a 0.3 mm aperture for the Pt L3-edge. An Ar/Kr- or Ar-
filled ion chamber and a PIPS detector were used to detect the sample transmission and 
fluorescence, respectively. Since the fluorescence spectra exhibited better qualities, they were 
exclusively used for further analysis. The energy resolution near the absorption edges was ≈ 1eV 
at the Rh and Pd K-edge and ≈ 0.5 eV at the Pt L3-edge. 
The electrochemical flow cell was based on a standard flow cell design, but adapted most 
directly from a design out of the Paul Kenis research group of UIUC.2 Molly Jhong and Sichao 
Ma assisted in the development and calibration of the final flow cell design. (Figure B.1) Upon 
arrival at the beamline, there was some gas leakage detected in the flow cell that should 
remedied in future designs by the use of soft gaskets between layers. For this experiment, the 
flow cell was placed in a secondary chamber under N2 purge in order to better control the 
operating gas conditions. For potential control, a CHI660D potentiostat was used. The electrolyte, 
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0.1 M perchloric acid, was purged with Ar for > 30 min prior to use. It was pumped through the 
cell setup at a rate of 0.1 ml min-1 using a Harvard Instruments syringe pump. The gas flow was 
controlled by a mass flow controller (Brooks Model 5850E). The flow rate was 10 ml min-1. As 
gases, 5% H2 in He, pure Ar and 20 % O2 in He were used. The exhaust gas composition was 
analysed with a residual gas analyzer (RGA 200, Stanford Research Systems, Inc.). 
 
Prior to the electrochemical XAS experiments, the reduced, dry samples were 
characterized in pure H2 atmosphere. The electrochemical XAS experiments were carried out in 
0.1 M HClO4 according to the following sequence: (i) under Ar flow at a series of potentials (at 
OCP, 0.4 V, 0.6 V, 0.8 V, and 1.0 V vs. RHE), (ii) under O2 (at 0.4 V, 0.6 V, 0.8 V, and 1.0 V vs. 
RHE), and (iii) under Ar (at 0.4 V vs. RHE) to check the reversibility. In addition, for Pd/C an 
additional experiment was performed with identical sample pretreatment followed by multiple 
switching between Ar and O2 atmospheres at 0.4 V vs. RHE. For each experimental condition, 
four spectra were measured under steady-state conditions, requiring ≈ 75 min in total. 
 
B.3. Data Analysis 
XAS data analysis was performed using the IFEFFIT software package (version 
1.2.11c).3 The spectra were pre-processed with the Athena software (version 0.8.061)4 as 
described below and then fitted with the Artemis software (version 0.8.014).4 The photoelectron 
scattering amplitudes and phases for the model structures of bulk Rh, Pd, Pt, RhO2, PdO, and α-
PtO2 were calculated with FEFF6.
3 The k2-weighted EXAFS spectra χ(k) were Fourier-
transformed to yield the radial structure functions χ(r), which were used for fitting. 
First, the spectra were energy-aligned using metal foils as references (with a thickness of 
25 μm for Rh and Pd and 7.5 μm for Pt). The Rh K-edge was set to E0 = 22325.0 eV, the Pd K-
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edge to E0 = 24353.5 eV, and the Pt L3-edge to E0 = 11563.7 eV. The spectra for each 
experimental condition were merged and individual glitches were removed. Finally, the spectra 
were step-edge normalized employing a linear background for the pre-edge and a third-order 
polynomial background for the post-edge. An r-space cutoff of 1.0 was applied to the spectra of 
Rh/C, one of 1.25 to those of Pd/C, and one of 1.125 Å to those of Pt/C. 
For all samples the same fitting model was used, comprising only the first-shell Me-Me 
and Me-O scattering paths. The energy shifts ∆E0 of both paths as well as the mean-square 
deviation (Debye-Waller factor) σ2 of the effective half-path length of the Me-O scattering path 
were constrained for all experimental conditions. For Pd/C and Pt/C, the degeneracy of the 
scattering path (coordination number) n was constrained for the measurements performed in one 
specific gas atmosphere. All other parameters (i.e., the effective half-path lengths (bond lengths) 
of both paths and the coordination number and the Debye-Waller factor of the Me-Me path) were 
variable. For Rh/C fitting was carried out in the r-range of 1 to 3 Å and the k-range of 3-10 Å-1, 
for Pd/C in the r-range of 1.25 to 3 Å and the k-range of 3-11.25 Å-1, and for Pt/C in the r-range 
of 1.375 to 3 Å and the k-range of 3-10 Å-1. The model uses 40 parameters to account for Rh/C 
for 95.6, for Pd/C for 98.7, and for Pt/C for 77.6 data points. The fitting quality was with r-
factors of typically < 2x10-2, which is considered quite good. 
 
B.4. Results 
B.4.1. STEM Evalutation of Pt, Pd, and Rh Particles 
Typical STEM images of the three pristine catalysts are shown in the Figures B2-B4. The 
particles exhibit very narrow size distributions with average values for Rh/C of 1.04 ± 0.24 nm 
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(570 particles), for Pd/C of 1.16 ± 0.31 nm (772 particles), and for Pt/C of 1.13 ± 0.24 nm (1204 
particles), indicative for the very good sample quality and homogenity. 
After the electrochemical XAS "potential series" experiments aside the original particles 
much larger particles with irregular morphologies are found, very similar for all catalysts. 
Accordingly, the average particle sizes increases for Rh/C to 1.40 ± 0.48 nm (1105 NPs), for 
Rh/C to 1.39 ± 0.96 nm (1250 NPs), and for Pd/C to 1.31 ± 0.40 nm (1662 NPs). These values, 
however, are not representative because of the insufficient statistics due to the comparably small 
amount of large particles. The same is also observed for the "gas switching" experiment for Pd/C 
(Figure B.4), however, after the experiment more and larger particles are found than after the 
"potential series" experiments. Statistical quantification is probably not possible, one would need 
to do measurements for several days to get sufficient statistics. 
 
B.4.2. XAS Experimental Results 
Prior to the electrochemical experiments, average structural properties (coordination 
number, bond length, disorder) of the metal particles (reduced, in H2 atmosphere) were 
determined from the EXAFS fitting. 
Figure B.5 shows the R-space plots of the k2-weighted EXAFS data throughout the 
course of the experiment and Figure B.6 shows the coordination numbers and bond lengths as 
determined by EXAFS. For all metals, similar metal-metal coordination numbers were identified, 
indicative for the similar sizes of the nanoparticles in all samples. For Pd/C and Pt/C no 
significant Me-low-Z contribution could be identified, i.e., the particles were fully reduced with 
Me-Me coordination numbers of 7.59 ± 0.30 and 8.10 ± 0.84. In contrast, for Rh/C, a slightly 
smaller Me-Me coordination number of 6.23 ± 0.46 and a Me-low-Z coordination number of 
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0.80 ± 0.19 are found. This clearly shows that the particles are partially oxidized. (The Rh-O 
contribution "steals" from the Rh-Rh contribution. Therefore, the apparently lower Rh-Rh 
coordination number than for the other two metals.) Under assumption of ideal truncated 
cuboctahedral morphologies, the coordination numbers are in best agreement with clusters of x 
atoms. The Me-Me bond length for Rh/C is very similar to that of bulk Rh with 3.80 Å, shifted 
by 0.0041 ± 0.0026 Å. In contrast, that for Pd/C is by 0.0394 ± 0.0017 Å clearly larger than bulk 
Pd with 3.89 Å. This lattice expansion is due to intercalation of hydrogen into the bulk Pd 
particles. For Pt/C the shift is -0.0093 ±0.0045 Å. This lattice compression is a finite-size effect 
very well known for nm-sized Pt particles. The Debye-Waller factors are for all samples lower 
than 1E-2 Å2, with very similar, lower values for Rh/C and Pt/C and a higher value for for Pd/C. 
The latter is due to the decreased structural order of the Pd particles due to hydrogen 
intercalation. (Figure B.7) 
In electrochemical environment in the "potential series" experiments the Me-Me 
coordination numbers are clearly reduced and the Me-low-Z coordination numbers increased as 
compared to the original samples in H2 atmosphere. Initially in Ar at OCP, the Me-Me 
coordination numbers are for Rh/C 3.51 ± 0.80, for Pd/C 4.99 ± 0.45, and for Pt/C 4.10 ± 1.13 
and the Me-low-Z coordination numbers are for Rh/C 3.21 ± 0.33, for Pd/C 1.23 ± 0.11, and for 
Pt/C 0.95 ± 0.87. These results are in agreement with surface oxide formation for Pd/C and Pt/C 
and bulk oxide formation for Rh/C upon immersion in the electrolyte. The Me-Me bond lengths 
are shifted as compared to the bulk values initially for Rh/C by -0.0043 ± 0.0059 Å, for Pd/C by 
-0.0329 ± 0.0029 Å, and for Pt/C by -0.0364 ± 0.0075 Å. The Debye-Waller factors are for all 
three catalysts very similar as in H2 atmospheres. 
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During the measurement in Ar atmospheres towards more positive potentials, between 
0.4 and 1.0 V vs. RHE, no significant changes in the structural parameters can be identified for 
Pd/C and Pt/C. For Rh/C, in contrast, the Rh-low-Z coordination number probably increases 
towards more positive potentials, up to 3.62 ± 0.33. All other structural parameters vary only to a 
small extend, i.e., show no clear potential dependence. Upon transition to O2 atmosphere and 
returning to 0.4 V vs. RHE, for all catalysts the Me-low-Z coordination number seems to further 
increase, for Rh/C to 4.15 ± 0.38, for Pd/C to 1.49 ± 0.13, and for Pt/C to 1.51 ± 0.13, whereas 
all other parameters do not change significantly. Towards more positive potentials, no changes in 
the structural parameters seem to occur. Upon returning to Ar atmospheres at 0.4 V vs. RHE, the 
Me-low-Z coordination number seems to decrease, however not to the initial values, and the 
other parameters are again largely unaffected. 
During the "gas switching experiment" at 0.4 V vs. RHE of the Pd/C sample, the Pd-Pd 
coordination number increases pronouncedly in the first two switching cycles (from 6.23 ± 0.45 
(OCP) 6.30 ± 0.41 (0.4 V vs. RHE) to 7.74 ± 0.50), afterwards it stays essential constant. Figure 
B.8 shows the R-space plots of the k2-weighted EXAFS data throughout the course of the 
experiment and Figure B.9 shows the coordination numbers and bond lengths as determined by 
EXAFS for the switching experiment. The Pd-low-Z coordination number is constant within the 
error limits, but the values seem to be slightly larger in O2 atmosphere than in Ar atmosphere. 
This is in agreement with the possibly slightly lower Pd-Pd coordination number in O2 
atmosphere than in Ar atmosphere. The Pd-Pd bond length is initially at OCP -0.0243 ± 0.0193 
Å and increases to -0.0093 ± 0.0022 Å after the first gas switching cycle. Afterwards, it stays 
constant within the error limits. All other structural parameters do not vary significantly within 
the course of the experiment. (Figure B.10) 
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B.5. Conclusions and Future Directions 
The work presented here represents the preliminary results of the investigation of Pt, Pd, 
and Rh electrocatalyst behavior in the context of bond strain dynamics during the ORR.  The 
goal is to compare these results with cantilever-based stress measurements of these metals under 
conditions that can robustly evaluate the effects of surface stress changes on the behavior and 
performance of metal ORR catalysts. At the current time, the cantilever measurements of Pd and 
Rh have returned some slightly inconsistent results, likely due to issues in sample preparation. 
Work will be continued by David Wetzel and others in order to sufficiently evaluate the effects 
we have observed in the XAS measurements.  
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B.6. Figures 
 
 
Figure B.1. Schematic representation of the flow cell used in the XAS measurement at BNL. 
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Figure B.2. STEM micrographs of Rh/C, Pd/C, and Pt/C nanoparticles prior to electrochemical 
testing. The size distributions for each sample are shown below their respective typical 
micrograph. 
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Figure B.3. STEM micrographs of Rh/C, Pd/C, and Pt/C nanoparticles after to electrochemical 
testing at the BNL beamline under ORR conditions. The size distributions for each sample are 
shown below their respective typical micrograph. Some particle ripening was observed, and in 
the cases of Pt and Pd, a few large particles were found upon inspection. 
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Figure B.4. STEM micrographs of Pd/C particles after the ORR switching experiment at three 
magnification levels are shown. The Pd particle size distribution of the sample used is shown.  
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Figure B.5. R-space plots of the k2-weighted EXAFS data throughout the course of the 
experiment for Rh/C, Pd/C, and Pt/C.  
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Figure B.6. Coordination and bond length results obtained via EXAFS. Rh/C, Pd/C, and Pt/C 
values are represented by red triangles, green diamonds, and blue triangles (downward pointing), 
respectively. 
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Figure B.7. Bond disorder and fitting quality data obtained via EXAFS fits. 
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Figure B.8. R-space plots of the k2-weighted EXAFS data throughout the course of the Pd 
switching experiment. 
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Figure B.9. Coordination and bond length results obtained via EXAFS for Pd/C throughout the 
Pd switching experiment. Note that improve the fit quality, the Pd-O bond distant was assumed 
to remain constant after the electrolyte was introduced to the catalyst. 
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Figure B.10. Bond disorder and fitting quality data obtained via EXAFS fits throughout the Pd 
switching experiment. Note that the Pd-O Debye-Waller factor was assumed constant in order to 
improve the fitting quality of the Pd-Pd contributions. 
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